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a b s t r a c t

Nanocrystalline (nc) materials can be defined as solids with grain
sizes in the range of 1–100 nm. Contrary to coarse-grained metals,
which become more difficult to twin with decreasing grain size,
nanocrystalline face-centered-cubic (fcc) metals become easier to
twin with decreasing grain size, reaching a maximum twinning
probability, and then become more difficult to twin when the grain
size decreases further, i.e. exhibiting an inverse grain-size effect on
twinning. Molecular dynamics simulations and experimental
observations have revealed that the mechanisms of deformation
twinning in nanocrystalline metals are different from those in their
coarse-grained counterparts. Consequently, there are several types
of deformation twins that are observed in nanocrystalline materi-
als, but not in coarse-grained metals. It has also been reported that
deformation twinning can be utilized to enhance the strength and
ductility of nanocrystalline materials. This paper reviews all
aspects of deformation twinning in nanocrystalline metals, includ-
ing deformation twins observed by molecular dynamics simula-
tions and experiments, twinning mechanisms, factors affecting
the twinning, analytical models on the nucleation and growth of
deformation twins, interactions between twins and dislocations,
and the effects of twins on mechanical and other properties. It
is the authors’ intention for this review paper to serve not only
as a valuable reference for researchers in the field of nanocrystal-
line metals and alloys, but also as a textbook for the education of
graduate students.
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1. Introduction

When a metal or alloy is plastically deformed, its shear strain is usually produced by dislocation
slip and/or deformation twinning, especially at low temperatures and low strain rates [1,2]. Other
deformation mechanisms include grain rotation, grain boundary sliding, and diffusion, but these
mechanisms only become significant at relatively high temperatures, especially when the grain sizes
are large [3]. Deformation twinning is a common and important phenomenon in metals and alloys.
The twinning tendency of a face-centered-cubic (fcc) metal is largely determined by its stacking fault
energy. For example, coarse-grained fcc metals with high stacking fault energies such as Al and Ni
normally deform by dislocation slip, while fcc metals with low stacking fault energy such as Ag pri-
marily deform by twinning [4,5]. The following deformation conditions also promote deformation
twinning [1,2,6–11]: (1) high strain rate and (2) low deformation temperature. Deformation twin-
ning in coarse-grained materials has been reviewed by Christian and Mahajan [1], and therefore will
not be reviewed in detail in the present paper. The focus of this paper is on nanocrystalline fcc met-
als. Nanocrystalline bcc and hcp metals have not been extensively studied, and will only be briefly
discussed.

Nanocrystalline (nc) materials can be defined as solids with grain sizes in the range of 1–100 nm
[12]. They have been reported to be considerably stronger than their coarse-grained counterparts,
but their ductility is usually disappointingly low [13]. Bulk nc materials are usually synthesized by
either two-step approaches such as nano-powder synthesis and consolidation [14,15], or one-step ap-
proaches such as severe plastic deformation (SPD) [16–18]. The low ductility of nc materials synthe-
sized by the two-step approach is usually attributed to flaws such as cracks, air bubbles, etc. [19]. SPD
is capable of synthesizing flaw-free nc materials with higher ductility than those synthesized by nano-
powder consolidation. However, even these flaw-free nc materials usually exhibit very low uniform
tensile elongation (the strain before necking), which is the measure for useful ductility. It should be
also noted that very small samples are often used to measure the mechanical properties of nc mate-
rials, due to the difficulty in synthesizing large nc samples. This presents a serious problem because
small sample size (e.g. gauge length smaller than 5 mm) may lead to an artificially high ductility,
although the yield strength is not affected [20,21].

The mechanical properties, including ductility, of nc materials are controlled by their unique
deformation mechanisms [6,9,10,18,22,23]. Deformation mechanisms identified in nc materials in-
clude partial dislocation emission from grain boundaries [8,24–31], deformation twinning [8,24–
30,32], perfect dislocation slip [24,26,28], grain boundary sliding [24,33–37], and grain rotation
[25,28,38,39]. In addition, since deformation twinning usually occurs simultaneously with the slip
of perfect and partial dislocations, interactions between twins and gliding dislocations at twin bound-
aries inevitably occur and have been observed both experimentally [40–44] and by molecular dynam-
ics (MD) simulations [45–50]. These interactions make twins effective in simultaneously increasing
the strength and ductility of nc materials [40,51]. In addition, it is also reported that nc Cu with high
density of twins have good electrical conductivity and excellent resistance to current-induced diffu-
sion [40,52]. Therefore, deformation twinning in nc materials is of both fundamental and practical
importance, and can be utilized to design nc materials for superior mechanical and physical
properties.

Significant progress has been made in understanding the deformation twins in the last decade. In
this paper we review all aspects of deformation twinning in nc metals and alloys, including deforma-
tion twins observed by MD simulations and experiments, twinning mechanisms, factors affecting the
twinning, analytical models on the nucleation and growth of deformation twins, and the effects of
deformation twinning on mechanical and other properties.

This paper is organized in the following way. We will first briefly introduce some basics on the
deformation twinning to help with the reading of the paper, especially for those young scientists such
as graduate students. The deformation twinning in coarse-grained fcc materials will be briefly re-
viewed to provide a comparison for the twinning in nc materials. Then the deformation mechanisms
in nc materials will be discussed to put the deformation twinning in an appropriate perspective rela-
tive to all other active mechanisms in nc materials. This is followed by all aspects of deformation twin-
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ning in nc materials. The interaction between dislocations and twin boundaries will be reviewed be-
cause it significantly affects the mechanical properties of nc materials. Finally, the effect of twinning
on the mechanical behaviors and electrical conductivity of nc materials will be discussed.

2. Basics of deformation twinning in fcc metals

Deformation twinning as a common deformation mechanism has been described in textbooks [53]
as well as specialized books dealing with dislocations and deformation of metals [54]. Here we will
only briefly describe some selected aspect of it to help with the discussions in the following sections
of the paper. Conventionally, deformation twins in fcc metals are believed to be formed by the glide of
partial dislocations with the same Burgers vector on successive [55] planes. This collectively produces
a macroscopic strain to accommodate the imposed strain. The twinning partial in fcc metals has a Bur-
gers vector of b1 = a/6h1 1 2i with a magnitude of a/

ffiffiffi
6
p

. As shown in Fig. 1 [56], if deformation twin-
ning occurs above the twin boundary a spherical grain via partials with a Burgers vector b1, a grain will
be sheared into a new shape. Note that a grain boundary kink will be produced at the twin boundary
with a kink angle of 141�, which is twice of the angle between two close-packed {1 1 1} planes.

The twinning partial dislocations are all Shockley partials that can glide on the slip plane. There are
three equivalent Shockley partials on each slip plane. For example, as shown in Fig. 2, on the (1 1 1)
slip plane the three partials are b1 = Bd = a/6½2 �1 �1�, b2 = Ad = a/6½�12 �1�, and b3 = Cd = a/6½�1 �12�. Note that
there are also three partials with opposite Burgers vectors, �b1, �b2, and �b3. The implications of
these partials with opposite Burgers vectors will be discussed later.

Fig. 2b shows the magnitude and orientation of the three Burgers vectors of partial dislocations, b1,
b2, and b3, as overlaid on the close-packed atoms in the (1 1 1) slip plane. It also shows the atomic
stacking positions A, B, and C. For fcc metals, the stacking sequence of atoms in successive close-
packed planes is ABCABCABCABC. When a partial dislocation glides across a slip plane, a stacking fault
is produced and all atoms above the stacking fault change their positions. From magnitude and orien-
tation of the Burgers vectors shown in Fig. 2b, the atom stacking position shift caused by the gliding of
a partial dislocation can be described below:
Fig. 1.
the sha
Partial b1 : A! B; B! C; C! A
Partial b2 : A! B; B! C; C! A
Partial b3 : A! B; B! C; C! A
In other words, although the three Burgers vectors have different orientations, they cause the same
stacking position shift. As will be shown later, this has important implications for deformation twin-
ning in nc fcc metals. Note that partials with opposite orientations, i.e. �b1, �b 2, and �b3, will shift
the stacking sequence to the opposite direction, i.e. B ? A, C ? B, A ? C.
Conventional deformation twinning by the gliding of partials on successive slip planes above the twin boundary changes
pe of the spherical grain above the twin boundary [56].



Fig. 2. (a) Three equivalent Burgers vectors b1, b2, and b3 on the (1 1 1) slip plane for Shockley partials. (b) The magnitude and
orientation of the three partial Burgers vectors, b1, b2, and b3, on the (1 1 1) plane of closely-packed atoms, and the atomic
stacking positions A, B, C (note that they are not related to the letter A, B and C in (a)).

Fig. 3. (a) The process of forming a four-layer deformation twin by the slip of four partials with the same Burgers vector (b1) on
successive slip planes. (b) The process of forming a four-layer deformation twin by the slip of four partials with a mixture of
Burgers vectors b1, b2, and b3 on successive slip planes.
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As stated earlier, a deformation twin can be formed by the slip of Shockley partials on successive
slip planes. Fig. 3a shows the formation of a four-layer twin via the slip of partials with the same
Burgers vector, marked by the bold letter CBAC. As shown, the column 1 has a normal fcc stacking
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sequence ABCABCABCABC. The slip of first partial b1 produces an intrinsic stacking fault (see the bold
letter C in column 2), which is identical to removing a layer of B atoms. The slip of the second b1 partial
on an adjacent slip plane converts the stacking fault into a two-layer twin nucleus (CB, see column 3)
[34,42,56–59]. Note that the two-layer twin nucleus is also identical to an extrinsic staking fault, e.g. a
stacking fault formed by inserting an extra C layer between the A and B layers. [54]. Further slip of b1

partials grows the twin nucleus into a four-layer twin CBAC, with the twin boundaries represented by
two horizontal lines (see column 5). Since the twinning process described in Fig. 3a involves only par-
tials with the same Burgers vector, we name such a process as monotonic twinning process.

Fig. 3b shows that a four-layer twin with identical stacking sequence as in Fig. 3a can also be pro-
duced by the slip of four partials with mixture of three Burgers vector (b1, b2, and b3) on successive
slip planes. In other words, a twin can be formed by the slip of identical partials or different partials.
This is because the three partials, b1, b2, and b3, produce the same stacking sequence shifts despite of
their orientation difference.

It should be noted that the macroscopic strain produced by the two twinning processes described
in Fig. 3 are very different. In Fig. 3a, all partials have the same Burgers vector, and therefore produce a
shear strain in the same direction. This can collectively produce a relatively large macroscopic strain
and change the grain shape as shown in Fig. 1. In contrast, the twinning process described in Fig. 3b
will produce a much smaller macroscopic strain because partials with different Burgers vectors shear
the lattice to different directions.

The two twinning processes described in Fig. 3 will have implications in the twin morphologies. As
discussed later, most twinning mechanisms proposed for the fcc metals with coarse grains are consis-
tent with the twinning process described in Fig. 3a, while the twinning process described in Fig. 3b
could be very common in nanocrystalline fcc metals. Materials with grain sizes in the range of
1 lm to 1000 lm are hereafter defined as coarse-grained materials [3,16,18,28,60–64].

A crystallographic feature of the twin is the mirror symmetry of atomic arrangement across the
coherent twin boundary plane. For an fcc metal, this symmetry can be best viewed along the [1 1 0]
orientation that is on the coherent twin boundary plane (see Fig. 4a). As shown, the coherent twin
boundary plane is the ð1 �11Þ close-packed plane, and it has a 70.53� angle with other close packed
planes. Each lattice point in the two-dimensional illustration (Fig. 4a) represents an atom column,
with the dark circles below the light circle by a distance of atomic radius, i.e. 1/4[1 1 0]. However, un-
der the high-resolution electron microscope, these two types of columns give identical images, as
shown in Fig. 4b. The mirror symmetry in the high-resolution electron microscopy (HREM) image
shown in Fig. 4b is often used to identify twins in fcc metals.

Regular low-resolution transmission electron microcopy (TEM) is also often used to identify defor-
mation twins in metals, although it cannot obtain atomic-resolution images. TEM can detect the
microstructural feature of twins, which is often in a plate shape with straight twin boundaries. Exam-
ples of low-resolution twin images are shown in Fig. 5a. However, in nc fcc metals, multiple twins of-
ten form, which show no obvious plate-like morphology (see Fig. 5b) [34,42,56,65–70]. Under such
circumstances, HREM is needed to identify and study the deformation twins.
3. Deformation twinning in coarse-grained fcc metals

3.1. Twinning mechanisms in coarse-grained fcc metals

Deformation twinning in coarse-grained fcc metals and alloys has been comprehensively reviewed
by Christian and Mahajan [1]. Therefore, we will only give a brief summary here. Coarse-grained fcc
metals are believed to twin via several conventional mechanisms including the pole mechanism
[71], prismatic glide mechanism [72], faulted dipole mechanism [73], or other mechanisms [74–76].
These mechanisms often require a dislocation source in the grain interior to operate. As will be dis-
cussed later, this poses a problem for nc metals and alloys since their grain interior are often free
of dislocations [25,61], although dislocations can exist in nc grains under certain deformation condi-
tions [77,78]. In addition, the deformation mechanisms in nc materials are dramatically different from
those in their coarse-grained counterparts due to a strong grain size effect below 100 nm.



Fig. 4. (a) The mirror symmetry of atoms in a twin in fcc metals, when viewed from a [1 1 0] direction that is on the coherent
twin boundary plane. A dark filled circle represents an atom column that is shifted for half an atomic distance below an atom
column represented by a light circle. (b) A typical HREM image of a twin in an fcc metal. Columns represented by lighter and
dark circles in (a) are not differentiated by HREM in (b).
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One exception is a 3-layer twin nucleation model proposed by Mahajan and Chin for fcc metals
[74]. In theory, this model can be easily applied to nc metals. Furthermore, Kibey et al. recently calcu-
lated the critical stress for the nucleation of such a three-layer twin, incorporating the general planar
fault energies (GPFE) obtained from the ab initio density functional theory (DFT) [79]. The predicted
stress is very close to experimentally measured values for many fcc metals. However, the ‘‘three-layer’’
twin nucleation is yet to be observed in nc fcc metals.
3.2. Grain size effect

According to the experimental results reported in the literature, smaller grain size impedes defor-
mation twinning [11,80–83] in coarse-grained metals and alloys, irrespective of their crystal structure.
Meyers et al. [11] summarized the Hall–Petch slopes for both perfect dislocation slip and twinning in a
number of coarse-grained metals with fcc, body-centered cubic (bcc) and hexagonal-close-pack (hcp)
crystal structures. In each case, the experimentally observed Hall–Petch slope for twinning is much
higher than that for the slip of perfect dislocations. In other words, for coarse-grained metals, the
stress required for activating twinning increases much faster with decreasing grain size than the stress
for perfect dislocation slip, as illustrated in Fig. 6. Therefore, smaller grain size make the deformation
twinning more difficult. The grain size effect was demonstrated in many examples. El-Danaf et al. [81]
reported that 70/30 brass showed much greater twin density in samples with the grain size of 250 lm
than in samples with grain sizes of 9 and 30 lm. Meyers et al. [84] observed that shock compression at



Fig. 5. Morphology of deformation twins in nc fcc Cu under low resolution. (a) Twins with plate-like morphology. (b) Multiple
twins without obvious plate-like morphology. Both (a) and (b) are from the original HREM images with reduced resolutions.

Fig. 6. The schematic of Hall–Petch relationship for twinning and full dislocation slip in coarse-grained metals and alloys. s is
the shear stress and d is the grain size. The higher slope for twinning indicates that twinning is more difficult than the slip of full
dislocations in smaller grains.
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35 GPa produced profuse deformation twins in Cu samples with average grain sizes of 117 and
315 lm, but virtually no twin in Cu samples with an average grain size of 9 lm.

3.3. Temperature and strain rate effect

The strain rate and temperature effect on deformation twinning in coarse-grained fcc metals and
alloys have been summarized by Meyers et al. [11] and by Christian and Mahajan [1]. There is a



Fig. 7. Effect of temperature on twinning stress for several single crystalline and polycrystalline metals and alloys [11].
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general equivalency of low temperature and high strain rate [1]. Specifically, lower temperature and
higher strain rate usually promote deformation twinning. For example, fcc Cu was found to deform by
twinning at 4 K at a low strain rate [85], although it only deforms by dislocation slip at room temper-
ature and low strain rate. Therefore, there is a transition to twinning with decreasing temperature.
This transition temperature increases with decreasing stacking fault energy [1]. Generally, the ten-
dency for twinning increases rather slowly with decreasing temperature but much faster with increas-
ing strain rate. For example, shock deformation has been found to produce twins in metals and alloys
with medium-to-high stacking fault energy [84,86–88], which usually does not deform by twinning at
quasi-static strain rate and room temperature.

The observed temperature and strain rate effect can be understood from two aspects. The first is
how the critical twinning stress varies with the temperature and strain rate, and the second is how
the material flow stress changes with the temperature and strain rate. Meyers et al. [11] summarized
the twinning stress as a function of temperature for a number of single-crystal and polycrystalline
metals and alloys (see Fig. 7), and found that the twinning stress is insensitive to temperature. How-
ever, there are debates on this issue [89–92]. Mahajan suggested that the bcc metals have a negative
twinning stress dependence on temperature, while fcc metals have a sight positive twinning stress
dependence on temperature [1]. The strain rate effect on twinning stress is not well studied. Harding
[93,94] found that the twinning shear stress increased from 170 MPa to 220 MPa when the strain rate
was increased from 10�3 s�1 to 103 s�1.

The flow stress of metals and alloys usually increases with decreasing temperature and/or increas-
ing strain rate. The increase in flow stress at low temperature is believed caused, at least in part, by the
strong dependence of the work-hardening on temperature, which may increase the flow stress to the
critical twinning stress. During the deformation process, dynamic hardening and recovery occurs
simultaneously. The dynamic recovery process needs the climbing of dislocations, which is a ther-
mally activated process [95]. It becomes slower at lower temperatures [28,95–104], and this causes
higher work-hardening rate, and consequently higher flow stress. At higher strain rate the overall
work hardening rate increases because the dislocation generation rate is faster than the dislocation
annihilation, which leads to the increase in flow stress. Therefore, the increase in twinning tendency
at low temperatures and higher strain rates can be largely attributed to the increase in flow stress.
4. Deformation mechanisms in nanocrystalline materials

Due to their small grain size, nc materials deform via mechanisms that are different from those in
their coarse-grained counterparts [6,8,9,22–24,27,42,66]. As discussed in the introduction, several
deformation mechanisms have been identified in nc materials. The significance of each deformation
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mechanism changes with decreasing grain size. For example, for fcc metals and alloys with medium-
to-high stacking fault energy, perfect dislocation slip dominates in large grains (e.g. larger than 50 nm)
[3]. However, more than one deformation mechanisms may be active at any grain size, although the
significance of each mechanism changes with grain size. In other words, for each deformation mech-
anism, there is a grain size range in which it plays a significant role. In the following subsections, we
will briefly summarize several deformation mechanisms to set the stage for the detailed review of
deformation twinning in Section 5.

It should be noted that the HREM observations have been extensively used to support proposed
twinning mechanisms. These observations were mostly postmortem because of the difficulty of
in situ HREM. Early HREM observations were mostly used to validate twinning mechanisms observed
by molecular dynamics (MD) simulations. New twinning mechanisms were later proposed based on
analysis of postmortem HREM observations. Some of these HREM findings were verified by MD sim-
ulations. HREM and MD simulations are complementary means for studying deformation twinning,
and then are especially powerful when combined to study deformation mechanisms in nc materials.

4.1. Grain boundary sliding

Grain boundary sliding in nc materials was first observed by MD simulations [24,36,37,105], later
reported experimentally [27,106–108], and modeled analytically [109–112]. Importantly, such grain
boundary sliding may occur in a coordinated way [27,105–107,113–115]. For example, shown in
Fig. 8 is the alignment of grain boundaries of many grains to facilitate the grain boundary sliding
[107]. The small grain sizes of nc materials [37] make it easier for the grain alignment [80,116]. Such
a coordinated grain boundary sliding may play a significant role in the deformation of nc materials, as
shown in Fig. 9, which reveals prevalent grain boundary aligning in nc Ti. More study is needed on this
issue.

4.2. Grain rotation

Grain rotation in nc metals was first observed under in situ HREM by Ke et al. [38], and later con-
firmed by Shan et al. [25,117], Jin et al. [118] and Wang et al. [119]. Grain rotation as a deformation
mechanism was also revealed by MD simulations [105,120,121] and has been analytically modeled
[111,122,123]. The unambiguous means to observe grain rotation is in situ TEM. However, experimen-
tal evidence of grain rotation from such observation is also controversial because the TEM samples are
very thin and may not represent bulk nc materials. More recently, texture measurement confirmed
that grain rotation indeed plays a significant role in the deformation of bulk nc materials [28,124–
127]. However, the grain rotation was also found to accompany grain growth during the deformation
Fig. 8. The alignment of grains in nc Pd after deformation by high-pressure torsion, suggesting coordinated grain boundary
sliding [107].



Fig. 9. Atomic Force Microscope (AFM) topography (left) and phase contrast (right) images taken from the surface of a nc Ti
sample processed by HPT after being tested in tension at 250 �C for a strain of �30%.
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[28,39,124,125,128]. Such stress (strain) assisted grain growth has been reported by several groups
[28,39,118–121,124–126,128–139] and can occur at even liquid nitrogen temperature [129,130].
These observations suggest that grain rotation play a significant role in the deformation of nc metals
and alloys and it often leads to grain growth. Wang et al. concluded that grain rotation first converts
high-angle grain boundaries to low-angle grain boundaries. The low-angle grain boundaries will then
disappear, leaving behind higher density of dislocations, which is consistent with MD simulations by
Haslam et al. [128].
4.3. Dislocation emission from grain boundaries

Grain boundaries become the primary dislocation source and sink when the grain is smaller than a
critical size [140–143]. This is because dislocation sources often no longer exist in the grain interior of
nc materials. For example, in ultrafine-grained hexagonal close-packed (hcp) Ti processed by severe
plastic deformation [142], grains and subgrains smaller than 100 nm are often dislocation free (see
Fig. 10). This critical grain size is determined by material properties such as stacking fault energy
and deformation parameters such as temperature and strain rate. High stacking fault energy and
low melting temperature make dislocation recovery easier, which consequently leads to larger critical
grain size. For example, for pure Al, which has high stacking fault energy (122 mJ/m2 [54,144]) and
Fig. 10. Hierarchy of microstructure in Ti processed by severe plastic deformation [142]. The acronyms are G – grains, SBG –
subgrains, DC – dislocation cells.
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low melting temperature (660.32 �C), the critical grain size is relatively large. Grains of a few hundred
nanometers may be dislocation free [145–147]. The lack of dislocation in the grain interior has been
attributed to the lacking of strain hardening in nc materials [51,140,148–154].

When dislocation source is unavailable inside the grain interior, grain boundary becomes the pri-
mary source for dislocation generation. Indeed, in situ TEM revealed extensive emission of dislocations
from grain boundaries of nc materials [25,143,155,118,156]. However, in situ TEM is often done under
low-resolution mode and cannot differentiate partial dislocations from perfect dislocations. Partial
dislocation emissions from grain boundaries were extensively observed by MD simulations
[9,10,26,22,144,157,158], and was verified experimentally by ex situ HREM observations [8]. As will
be discussed in later sections, the emission of dislocations from the grain boundaries play a critical
role in the nucleation and growth of deformation twins in nc fcc metals, and is responsible for several
unique twinning mechanisms.

It should be noted that under certain deformation conditions, high-dislocation density is still pos-
sible in nc metals and alloys. For example, high-density of dislocation defect structure was found in
the grain interior of nc Ni deformed under constrained rolling at liquid nitrogen temperature [77].
4.4. Stacking fault and deformation twinning

In coarse-grained fcc and bcc materials, stacking faults and deformation twins usually occur in
metals and alloys with low stacking fault energy, although high strain rate and low deformation tem-
perature can significantly promote twinning. In coarse-grained hcp metals and alloys, twinning is a
common deformation mechanism because their small number of slip systems [56,159–170]. In com-
parison, nc materials have a very different behavior in the formation of stacking faults and deforma-
tion twins. First, nc hcp metals are rarely observed to deform by twinning. Second, nc fcc metals are
found to generally deform by twinning more easily, especially in those fcc metals with medium to
high stacking fault energy, although twinning may become difficult again at very small grain sizes
[171]. Deformation twinning in nc fcc metals and alloys is the focus of this review, and is discussed
in detail in the next section.
5. Deformation twinning in nanocrystalline fcc materials

5.1. Molecular dynamics simulations

The MD simulation of deformation twinning in nc fcc materials has been comprehensively re-
viewed by Wolf et al. [22]. Here we will only give a brief summary on the features of MD simulations
as well as the major results on deformation twinning obtained by MD simulations. Early insights on
the deformation mechanisms of nc materials are almost exclusively obtained by MD simulations
[9,24,26,36,105,144,157,172–176], largely because of the difficulty in synthesizing nc materials for
experimental studies. For example, extensive early studies were performed on nc samples synthesized
by inert gas condensation [15,177–184], which did not have clean grain boundaries and had flaws
such as cracks and pores after consolidation due to the adsorption of O, H, and N atoms during the
synthesis of nano-powders. It is still a challenge even today to synthesize nc materials with certain
structural characteristics to systematically investigate a specific deformation mechanism.

MD simulation has several advantages over experimental investigation, which makes it a powerful
tool for studying nc materials [22]. First, MD simulation can elucidate the atomic level deformation
mechanisms in nc materials in a degree of detail that cannot be obtained experimentally. Second, it
is capable of investigating the real-time deformation behavior, including twinning and detailed defect
evolution and interaction, which are not possible by any experimental technique. Third, it can simu-
late a well-characterized and idealized model nc system to study specific deformation mechanisms.
Fourth, it is capable of deforming samples to very large plastic strains, which make it possible to inves-
tigate the deformation behavior under high dislocation densities.

MD simulation also has its own limitations [22]. First it is typically limited to relatively small model
systems. As a result, many researchers often use model systems with very small grain sizes. This could
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sometimes lead to serious problems because it is known that grain sizes affect the deformation
mechanisms [24,37,57,59,171,185]. For example, it was observed by MD simulations that nc Al, Cu
and Ni rarely deform by twinning [10], which contradicts the experimental observations [2,6,23,
33–35,66,68,77,186–189]. This controversy was later found caused by the grain size effect, i.e. the
small grain size used in the MD simulation is so small that the deformation twins are hard to form,
due to an inverse grain size effect on twinning [171]. This limitation will be gradually relaxed as faster
computers become more available to researchers. The second limitations of MD simulations is its short
time duration [22], which results in extremely high strain rate (typically larger than 107 s�1). Although
such high strain rate is physically plausible [190–192], they are much higher than what we can
normally obtain experimentally. This makes it more complex to compare with experimental results,
because it is well known that the strain rate has significant effect on deformation mechanisms.
For example, it is generally agreed that higher strain rate promotes deformation twinning
[2,11,80,84,171,188,193–195].

MD simulation has revealed many important deformation mechanisms of nc materials despite of
its limitations. Below we will list only a few that are relevant to deformation twinning: First, emission
of Shockley partials from grain boundaries are extensively observed by several groups
[9,10,24,26,37,45,46,144,157,158,185,196–210]. Second, three mechanisms for twin nucleation and
growth were clearly revealed by Yamakov et al. (see Fig. 11) [9]. As shown in Fig. 11, a twin nucleus
(marked by A) is formed by the overlapping of two extended dislocations on adjacent slip planes.
There are also three other similar twin nuclei in the same grain. A twin marked by B is formed by suc-
cessive emission of five Shockley partials from the grain boundary. C represents a twin formed by
grain boundary splitting and migration, which leaves behind a coherent twin boundary (marked by
a) and produces another coherent twin boundary (marked by b), while the migrating twin boundary
(marked by d) consists of a Shockley partial dislocations.
Fig. 11. Three twinning mechanisms are revealed in this MD simulation snapshot of nc Al with columnar grains [9]. As marked
in the figure, A represents a twin nucleus formed by the overlapping of two extended dislocations on adjacent slip planes, B
represents a twin formed by successive emission of Shockley partials from the grain boundary, and C represents a twin formed
by grain boundary splitting and migration. Seven marks a few partial dislocations emitted from the grain boundary.
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5.2. Experimental observations

The experimental observations of deformation twins were summarized in a previous paper [56].
Experimental results can validate and provide input to the MD simulations. Nanocrystalline samples
for experimental studies are usually much larger and more complex than the model systems used by
MD simulations, and therefore may reveal some deformation phenomena that are missed by the MD
simulations. Early experimental observations of deformation twins were limited to the validation of
MD simulation results. Examples include the experimental observation of partial dislocations emitted
from grain boundaries (see Fig. 12) [6–8,23,186,211,212], and deformation twinning [3,6–
8,18,23,31,65,66,186,213,214]. In recent years, several new phenomena have been first revealed by
experimental investigations, including fivefold twins [8,65,70], twins with reduced macroscopic strain
[2], inverse grain size effect on twinning [171], V-shaped twins by a self-thickening mechanism
[67,69], and reversible twinning process [215]. Interestingly, a proposed formation mechanism [70]
based on the experimentally observations for fivefold twins was later verified by MD simulation [216].

Experimental techniques for investigating deformation twinning include HREM, in situ HREM, and
diffraction analysis (X-ray, synchrotron or neutron analysis). HREM is used most because it is easily
accessible and provides direct atomic-resolution observation of twins. However, it is a postmortem
technique, which makes the analysis of the twinning process non-trivial. In recent years, in situ HREM
has been used to observe the twinning process, twin-dislocation interactions and other deformation
mechanisms in nc materials [119,156,215,217,218]. Such experiments are still relatively difficult,
and the quality of the atomic images is expected to improve in the near future. X-ray analysis has been
used to analyze the twin boundary density in nc materials [51,149,153,219–222]. However, such anal-
ysis is usually qualitative and the absolute value of density of twin boundaries may depend on the
method/model used in the analysis. Nevertheless, relative comparison of twin densities can be made
if the X-ray diffraction data are taken and analyzed in a consistent manner.

The samples used for experimental studies have been prepared by mechanical attrition [65], phys-
ical vapor deposition [6], high-pressure torsion [8], surface mechanical attrition [223], electro-depo-
sition [35,40,41,68], inert gas condensation [15], etc. Each of these methods may have its own
intrinsic issue such as impurities, unclean grain boundaries, and non-equilibrium grain boundaries.
One common feature of experimental samples is the relatively wide grain size distribution, especially
in samples produced by deformation methods. In comparison, MD simulations often use relatively
Fig. 12. An HREM image of nc Cu processed by high-pressure torsion (HPT), showing Shockley partial dislocations that were
emitted from the lower grain boundary and stopped in the grain interior before reaching the upper grain boundary, leaving
behind stacking faults [8].
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uniform grain sizes. The wide grain size distribution may be an advantage in some cases. For example,
the inverse grain size effect on deformation twinning was found by statistical HREM investigation of
electro-deposited Ni with grain sizes ranging from 10 nm to 76 nm [171].

Experimental techniques available so far have much lower spatial and temporal resolutions than
the MD simulations. It is also a challenge to observe the deformation process and defect evolutions
in real time. Therefore, it would be desirable to combine experiments and MD simulations to probe
the deformation process of nc materials.
5.3. Twinning mechanisms

In this section, we will describe the twinning mechanisms that are proposed basing on the exper-
imental observations and MD simulation results.
5.3.1. Overlapping of stacking fault ribbons
The nucleation of deformation twins via overlapping of two stacking fault ribbons are first observed

by MD simulations (see Fig. 11) [9]. Fig. 13 shows an HREM image of such a twin nucleus with a thick-
ness of two atomic planes in the interior of a nc Al grain. It was formed by the dynamic overlapping of
two extended partial dislocations with stacking faults on adjacent slip planes. As shown, the two
stacking faults are only partially overlapped. The twin can grow thicker by adding more SFs on either
side of the twin. However, no deformation twins of this type that are thicker than two layers have
been reported. Therefore, this twinning mechanism does not play a significant role in the deformation
of nc materials. This is because of the lacking of a continuous mechanism for it to grow. It depends on
the incidental overlapping of other slipping dissociated dislocations with stacking fault ribbons to
grow.

A variant of this twinning mechanism is the overlapping of a dissociated dislocation with a stacking
fault connected with the grain boundary [187]. As shown in Fig. 14, close to the grain boundary, the
two-layer twin nucleus turned into a stacking fault. This suggests that a stacking fault was first formed
from the grain boundary and extended toward grain interior. A dissociated dislocation with a wide
stacking fault slipped toward the grain boundary on an adjacent slip plane and then incidentally over-
lapped with the stacking fault, forming a two-layer twin nucleus. Such a twin nucleus was also pre-
dicted by MD simulation (see Fig. 11).

If the leading partial of the dissociated dislocation shown in Fig. 14 reaches the grain boundary, the
twin nucleus will become identical to a normal twin nucleus formed by emission of two Shockley par-
tials from the grain boundary. This twin nucleation mechanism could be significant in nc materials
with non-equilibrium grain boundaries. High density of dissociated partials with one end pinned on
the grain boundary has been observed in nc Ni with non-equilibrium grain boundaries (see Fig. 15)
[187], which provides a high probability for such a mechanism to operate.

The two scenarios of twin nucleation via overlapping of stacking faults are schematically illustrated
in Fig. 16, in which the thin hairlines across the grain represent the slip planes and the thick shorter
lines represent the stacking faults. A twin is nucleated when two stacking faults on two adjacent slip
Fig. 13. A deformation twin formed by the overlapping of two extended dislocations on adjacent slip planes in the interior of a
grain of nc Al deformed by ball-milling [23].



Fig. 14. A twin nucleus formed by overlapping of a dissociated dislocation with a stacking fault from grain boundary in nc Ni
[187].

Fig. 15. HREM images showing 60� dislocations that are dissociated into Shockley partials bounding stacking faults.
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planes overlap with each other. The twin nucleus marked as A corresponds to that in Fig. 13, while the
twin nucleus marked as B corresponds to that in Fig. 14.

5.3.2. Partial emission from grain boundaries
Formation of deformation twins via emission of Shockley partials from grain boundaries was first

predicted by MD simulations (see Fig. 11) [9]. Such deformation twins were later verified by HREM.
For example, Fig. 17a shows a deformation twin, T1, which has a curved twin boundary with the ma-
trix, T2, in nc Ni deformed by surface mechanical attrition treatment (SMAT) [56,224]. This twin was
formed by successive emission of Shockley partials from the grain boundary on the left. However, the
partials did not reach the other side of the grain, and the stopped front of these partials formed a
curved twin boundary (see the broken white line). Another example is seen in Fig. 17b, which shows
a single twin growing from a grain boundary but terminated inside a grain [214]. The twin was formed
by plastically deforming an electrodeposited nc Ni. Such a twin can only be formed by the partial
emissions from the grain boundary on the left.

To form the twins shown in Fig. 17, Shockley partials need to be emitted from the grain boundaries
on successive slip planes. This type of twinning is the most commonly observed in nc fcc metals and
alloys [6,8,9,23,37,66,157,187,203,214]. Therefore, it is scientifically important to understand how the
partials are emitted from the grain boundary. It has been reported that partial dislocations can readily



Fig. 16. Two scenarios of twin nucleation via overlapping of stacking faults. The thin hairlines across the grain represent the slip
planes and the thick shorter lines represent the stacking faults. Each ‘‘L’’ at the end of a stacking fault indicates a partial
dislocation. The twin nucleus marked as A corresponds to that in Fig. 13, while the twin nucleus marked as B corresponds to
that in Fig. 14.

Fig. 17. (a) A deformation twin (T1) formed by successive emission of partials on adjacent slip planes from the grain boundary
on the left in nc Ni deformed by surface mechanical attrition treatment [56]. (b) An HREM image of a twin formed by plastically
deforming electrodeposited nc Ni. The twin was formed by the emission of partials from the grain boundary on the left, and it
ended in the grain interior as marked by the white asterisks [214].
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emit from non-equilibrium grain boundary to nucleate a deformation twin [7,187,225]. However, it is
statistically and practically impossible for a partial dislocation to exist on every slip plane to grow a
single twin. Nucleation of a new partial on every slip plane is difficult because of the required high
energy. Therefore, there must be a partial multiplication mechanism at the grain boundary that will
supply a twinning partial on every successive slip plane for twin nucleation and growth. This has been
proposed recently by Zhu et al. [214], and is delineated below.

Two dislocation reaction and cross-slip mechanisms have been proposed to supply twinning par-
tials on successive slip planes from the grain boundary to grow a twin continuously. The first mech-
anism involves the emission of partials with the same Burgers vector, while the second mechanism
involves the emission of partials with two different Burgers vectors, which produce a single twin with
reduced shear strain. The details of these two mechanisms are described below.

For simplicity, a square grain is used in the description of the two mechanisms. As shown in Fig. 18,
the line parallel to the left grain boundary represents a full dislocation with a Burgers vector of



Fig. 18. Schematics of a square grain with a dislocation line parallel to the grain boundary [207]. The slip plane is ð11 �1Þ, which
is parallel to the page. The dislocation line near at the left grain boundary has a Burgers vector of b = 1/2[1 0 1]. Other Burgers
vectors in the figure are b0 = 1/2[0 1 1], b1 = 1/6[1 1 2], b2 = 1/6½2 �11�, b2 = 1/6½�121�, b00 = 1/2½1 �10�.
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b = 1/2[1 0 1]. The orientation of the dislocation line is [1 1 2]. The plane represented by the square is
the ð11 �1Þ close-packed slip plane. Below we will delineate the first mechanism for Shockley partial
multiplication.

5.3.2.1. Mechanism A: multiplication of partials with the same Burgers vector. Let’s start with Fig. 18, the
perfect dislocation, b, dissociates into two partials under an appropriate applied stress,
b! b1 þ b2 ð1Þ
where b1 = 1/6[1 1 2] is parallel to the dislocation line, while b2 = 1/6½2 �11� has a 60� angle with the
dislocation line. This dissociation is energetically favorable and therefore can proceed easily. Under
an applied shear stress with appropriate orientation, the partial with the Burgers vector b2 glides
on the ð11 �1Þ slip plane across the grain to form a stacking fault. Partial b1 is a pure screw partial
and cross-slips to the next ð11 �1Þ plane, where it undergoes the following dislocation reaction
b! bþ ð�b2Þ ð2Þ
where �b2 stays at the grain boundary and the perfect dislocation b is driven toward the grain interior
by the applied stress. The reaction in Eq. (2) has a very high energy barrier and therefore needs a large
applied stress to activate. The b can subsequently dissociate into b1 and b2 according to Eq. (1), form-
ing a wide stacking fault ribbon [212]. b2 would be the leading partial because the applied stress fa-
vors its slip. The slip of b2 nucleates a single twin, and b1 returns to the grain boundary due to
insufficient resolved shear stress to drive it across the grain. Note that in the above process b1 sepa-
rates �b2 and b2 and keeps them at a large distance to reduce their mutual attraction so that b2 can
easily glide away.

Repetition of the above dislocation reactions (Eqs. (1) and (2)) and cross-slip of b1 enables the sin-
gle twin to grow continuously. Such a twin growth process leaves a partial �b2 on the left grain
boundary and another partial b2 on the right grain boundary on every slip plane in the twin. This
changes the grain shape from the original square to what is shown in Fig. 19, as viewed in the
b0 = [0 1 1] direction, which is perpendicular to b2.

In an HREM micrograph taken from any h1 1 0i direction that is on the twin boundary plane, the
atomic-scale image has mirror symmetry across the coherent twin boundary. This is the way to iden-
tify a twin using HREM. As shown in Fig. 18, there are three orientations from which a twin with ð11 �1Þ
twinning plane can be viewed by HREM: b = 1/2[1 0 1], b0 = 1/2[0 1 1], and also b00 = 1/2½1 �10�. The
view from b0 is illustrated in Fig. 19, which shows a 141� grain boundary kink. However, if the twin
is viewed from the b and b00 direction, the projection of the twinning partial b2 on the direction per-
pendicular to the b and b00 in the ð11 �1Þ plane will be reduced by half because the b and b00 has a 30�



Fig. 19. The grain shape change caused by the first twinning mechanism in which all twinning partials have the same Burgers
vector [207]. The 141� grain boundary kink can be seen from an orientation perpendicular to the Burgers vector of the twinning
partial and parallel to the slip plane.
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angle with the b2. In other words, the grain boundary kink angle will now be increased to 158�, as
shown in Fig. 20. This makes twinning strain appear less than what is viewed from b0 orientation
(Fig. 19).

5.3.2.2. Mechanism B: multiplication of partials with the two different Burgers vectors. Next we will de-
scribe the second twinning mechanism, which involves the emission of partials with two different
Burgers vectors, b2 and b3. It produces less macroscopic strain than the twinning mechanism A.
One can see from Fig. 19 that, after cross-slip, the partial b1 under appropriate applied stress can have
another dislocation reaction:
Fig. 20.
vector,
also be
involve
b1 ! b0 þ ð�b3Þ ð3Þ
where b3 = 1=6½�121� and b0 = 1/2[0 1 1]. The partial �b3 stays at the grain boundary and the perfect
dislocation b0 dissociates into b1 and a new partial b3. The applied shear stress drives the new partial
b3 away from the grain boundary to glide on the ð11 �1) plane across the grain, which grows the twin.

If the dislocation reactions described in Eqs. (2) and (3) occur on alternative slip planes or occur for
approximately the same number of times, the grain will change its shape along the b1 direction (see
The grain shape change caused by the first twinning mechanism in which all twinning partials have the same Burgers
but viewed from the orientation of b and b00 [207]. The grain boundary kink is 158�. As will be described later, this can
caused by the second twinning mechanism in which approximately equal numbers of b2 partials and b3 partials are

d. In the second twinning mechanism, the 158� grain boundary kink can be seen from an orientation perpendicular to b1.
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Fig. 18), but the macroscopic strain will be only half of that shown in Fig. 19. This is because the slip of
the partial b2 produces a strain of a=

ffiffiffi
6
p

along the b2 direction, while the slip of the partial b3 produces
a strain of a=

ffiffiffi
6
p

along the b3 direction. From Fig. 18 we have the following relationship b2 + b3 = b1.
Therefore, the total strain in every two slip planes is a=

ffiffiffi
6
p

along the b1 direction, producing a change
in grain shape as shown in Fig. 20 when viewed from the ½1 �10� orientation (along b0 0). However, if the
twin is viewed from the b or b0 orientation, the grain boundary kink angle will be �169� (see Fig. 21).
Note that it is also possible to form a twin by the mixture of the first and the second mechanisms. This
could happen when the twined grain rotates during the twinning process, which changes the stress
orientation.

As described in Figs. 19–21, three possible grain boundary kinks could be observed under HREM if a
twin is formed by the mechanism A or B. If the HREM image shows a twinned grain with a 141� grain
boundary kink as shown in Fig. 19, then the twin was formed by the mechanism A described by Eq. (2),
in which only one type of twinning partial is involved to produce the twin. On the other hand, if the
HREM image shows a twinned grain with a 158� grain-boundary kink as shown in Fig. 20, it is not pos-
sible to determine if the twin is produced by the first mechanism or the second mechanism. However,
if the HREM image shows a twinned grain with a 169� grain-boundary kink as shown in Fig. 21, the
twin is formed by the Mechanism B, in which about equal number of b2 partials and b3 partials are
involved.

In practice, the grain boundary kink in an HREM micrograph is sharp enough for angle measure-
ment only when the grain boundary is close to the edge-on orientation, which does not happen very
often statistically. This makes the kink-angle measurement a tedious task. For example, the grain
boundary kinks in Fig. 17 are not obvious because grain boundary is far from the edge-on condition.

In the above discussion, we specified the dislocation type and Burgers vector so that b1 is a pure
screw partial dislocation, making it easy for b1 to cross-slip into the next ð11 �1Þ plane. This is the eas-
iest path for twin growth. However, we shall point out that even if b1 is a pure edge or a mixed type, it
can still move to the next ð11 �1Þ slip plane by climbing alone or by climbing plus cross-slip, although
higher applied stress is needed for such a process. Note also that the dislocation climbing on the grain
boundary should be much easier than in the grain interior because of higher diffusion rate at the grain
boundary and the probability of higher local residual stress.
5.3.3. Twinning with low macroscopic strain
In the last section, we demonstrated that deformation twins in nc fcc metals may have a grain

boundary kink of 141� if formed by partials with the same burger vector and viewed from an appro-
priate h1 1 0i orientation under HREM (see Fig. 22) [2]. This represents the highest macroscopic strain
that can be formed by a deformation twin in fcc materials. It is also demonstrated that if the partials
Fig. 21. The grain shape change caused by the second twinning mechanism (Mechanism B) in which approximately equal
numbers of b2 partials and b3 partials are involved. The 158� grain boundary kink can be seen from the orientation of b0 0 .



Fig. 22. HREM micrograph of a twin in nc Cu synthesized by high-pressure torsion. The arrow indicates the twin boundary. The
grain boundary has a 141� kink at its intersection with the twin boundary. This twin was formed by partials with the same
Burgers vector [2]. Note that this twin morphology is the same as that of a deformation twins in coarse-grained fcc metals.
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have different Burgers vectors, the macroscopic strain will be lower. In this section, we further delib-
erate on the observation and mechanisms of deformation twins with low or even zero macroscopic
strain.

Fig. 23 shows typical HREM images of deformation twins in nc Al, Ni and Cu that were produced by
cryogenic milling, cryo-tension, and high-pressure torsion, respectively [2]. As shown, the grain
boundary segments are smooth even at locations where they intersect the twin boundaries, suggest-
ing that the deformation twins shown in Fig. 23 did not change the morphology of the grains.

It is proposed that the twins shown in Fig. 23 were formed via a twinning mechanism named ran-
dom activation of partials (RAP) [2]. Fig. 2 illustrates a set of Shockley partials involved in the RAP pro-
cess. As shown, on the (1 1 1) slip plane, there are three Shockley partials, b1 = Bd, b2 = Ad and b3 = Cd.
Note that Ad means a Burgers vector that starts at A and ends at d. It is obvious that
Fig. 23.
Ni defo
change
and ma
b1 þ b2 þ b3 ¼ 0 ð4Þ
As discussed in Section 2 and Fig. 3, a twin can be formed by the slip of identical partials or different
partials, because the three partials, b1, b2, and b3, produce the same stacking sequence shifts despite of
their orientation difference. Therefore, if all of the three partials propagate in equal number of times,
one after another, there will be no net accumulation of macroscopic strain.

The RAP mechanism involves three Shockley partials with different Burgers vectors. Below we dis-
cuss how the emission of three Shockley partials can be realized in a nano grain with the help of
HREM images of typical deformation twins in three nc fcc metals. (a) Al processed by cryo-milling, (b) electro-deposited
rmed by cryo-tension, and (c) Cu processed by high-pressure torsion. It is evident that the deformation twins did not
the shape of the grains. The arrows indicate the twin boundaries. The broken curves indicate grain boundaries. Twins
trix are labeled T and M, respectively [2].
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Fig. 24. Consider a Shockley partial dislocation loop on a (1 1 1) plane with the Burgers vector b1 = 1/
6½2 �1 �1�. Fig. 24 illustrates such a dislocation loop emitted from a grain boundary triple junction and
deposited on other segments of the grain boundary of a hexagonal grain. Part of the dislocation line
segments parallel to grain edges AB and DE has pure screw character and can easily cross-slip in
the GB to the next slip plane. On the next slip plane, b1 can slip by itself under appropriate stress
or produce other dislocations via the following two reactions:
Fig. 24.
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From Fig. 2a, we can also rewrite Eq. (5) as b1 = BA + b2, and Eq. (6) as b1 = BC + b3. Thus it is pos-
sible to randomly emit the three Shockley partials, b1, b2, and b3, on the next (1 1 1) slip plane.

A global shear stress cannot drive the three partials simultaneously. So what drives the b1, b2, and
b3 partial slip? It is argued that it is possible for these partials to randomly nucleate and slip one at a
time, driven by changing local shear stresses [2]. These stresses could significantly differ from the glo-
bal shear stress. That such a scenario is possible is revealed by atomistic simulations of stress concen-
tration of 3–3.5 GPa, which is many times higher than the applied shear stress, near the edge of a
stacking fault [203]. Furthermore, grain boundary sliding and grain rotation, significant in nc materials
[25,38,39,108], alter local stress state [80] and/or change the orientation of the twinning grain. These
local stress variations can promote the random emission of partials. Other locations for high local
stress concentration include triple junctions, and grain boundary steps. Also, once a twin is nucleated,
it is relatively easy to grow the twin [57,59,226], thus explaining why the RAP twins could form in-
stead of producing many stacking faults. It has been recently reported that the three partials b1, b2,
and b3 can indeed move in the same direction by a stop-and-start mechanism. This mechanism has
been predicted by MD simulation and verified by in situ TEM observation at the incoherent twin
boundaries in Cu film produced by magnetron sputtering [227]. This mechanism can also produce
deformation twins without macroscopic strain.

A global strain is necessary to relieve the global stress. Although the grains with RAP twins do not
change their shape, they indeed contribute to the global strain by grain boundary sliding and grain
rotation. Also, during the RAP twinning, the applied stress, and the attendant accumulated energy,
is effectively dissipated locally by the random nucleation and slip of three Shockley partials from grain
boundaries. However, their Burgers vectors add up to zero macroscopic strain, without violating laws
of thermodynamics. It should be noted that although the RAP twins have negligible direct contribution
to the macroscopic deformation at the grain level, they indirectly contribute to the bulk deformation
by favorably reorienting the crystal lattice to change the applied resolved shear stresses on slip
systems.
A Shockley partial dislocation loop with Burgers vector b1 emitted from a grain boundary triple junction at E, grows,
osits on other grain boundaries of a hexagonal grain [2]. Part of the dislocation line segments parallel to grain edges AB
has pure screw character and can move along the grain boundary to the next slip plane.
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Note that the RAP twins form only if the numbers of b1, b2, and b3 partials are about the same. If
this condition is not met, there will be macroscopic strain in the twinned grain. The magnitude of the
strain is determined by the relative numbers of the three partials.

5.3.4. Grain boundary splitting and migration
This type of twins was first proposed by Ashby and Harper in 1967 [228]. The twinning mechanism

was first verified by the MD simulation [157], and then experimentally observed recently [66]. This
twinning mechanism was already shown in Fig. 11 and described in Section 5.1. Fig. 25 is an HREM
image of a twin formed by grain boundary splitting and migration in nc Al processed by cryogenic ball
milling. As shown, some segments of the boundary are straight, coherent ð1 �11Þ twin boundaries as
indicated by white arrows. Mirror images typical of twins are shown on the two sides of these coher-
ent twin boundaries. These segments, which are connected by non-crystallographic segments, form a
zigzag boundary between the twinned area and the matrix. A twin lamella was formed via the migra-
tion of the new twin boundary. The boundaries of twin lamellae formed at different time frames joined
together to form the zigzag boundary.

The non-crystallographic segments observed here were actually the new twin boundaries in this
mechanism. As discussed earlier in Section 5.1, the non-crystallographic segments are formed by
Shockley partial dislocations, which exist on every slip plane. It is likely that these partials are b1,
b2, and b3 mixed in about the equal numbers, because if all partials have the same Burgers vector,
there should be a large strain field in front of the non-crystallographic twin boundary. Such a strain
field should be reflected by lattice distortion and/or high density of dislocations in the matrix in front
of the non-crystallographic twin boundary, which is not observed in Fig. 25.

5.3.5. Sequential twinning mechanism
The mechanism of sequential twinning via emissions of Shockley partials from grain boundaries

and twin boundaries was proposed based on the experimental observation of multifold twins, includ-
ing fivefold twins (see Fig. 26) [70]. Fivefold twins were often observed to form by the nucleation and
growth mechanism in nanosized particles, annealed nc fcc metals, or nano-wires [229–233]. However,
these fivefold growth twins are very different from the fivefold deformation twins discussed here,
which are formed by the partial-dislocation mediated sequential twinning mechanism. Fivefold defor-
mation twins have been observed in an nc Al alloy [65], pure Cu [8,70,234], and an ulrafine-grained Cu
alloy [235]. In this twinning mechanism, a regular twofold twin will be formed first, and then a three-
fold twin is formed by the successive interaction of Shockley partials with the twin boundary. Repe-
tition of this process leads to the formation of fourfold and fivefold twins. This twinning mechanism
was later verified by MD simulation [216]. More details are described below.

The first step of this mechanism is the formation of a simple twin with domains I and II (Fig. 27a)
via partial dislocation emissions from grain boundaries. Such a type of twins occur frequently in nc fcc
metals [7,70,214], and can be formed via several twinning mechanisms [42,214]. The second step
(Fig. 27b) starts with the emission of a 90� Shockley partial, b1 = 1=6½�1 �1 �2�, from the upper grain
boundary in domain II. The partial glides on a ð11 �1) slip plane toward the twin boundary TB1. A
90� Shockley partial has a Burgers vector perpendicular to the dislocation line.
Fig. 25. A deformation twin formed by GB splitting and migration in nc Al deformed by ball milling [66].



Fig. 26. A fivefold twin formed by the sequential twinning in nc Cu deformed by high-pressure torsion [70].

Fig. 27. (a) Illustration of a regular twin (step 1). (b) A threefold deformation twin (step 2) formed by the emission of a series of
90� partials, b1. These partials form new 90� partials with a Burgers vector b2 on the twin boundary TB1, which glides away from
TB1, forming a new twin boundary TB3. (c) A fourfold deformation twin (step 3) formed from a threefold deformation twin by
emitting a series of 90� partials, b3. (d) A fivefold deformation twin (step 4) formed from a fourfold deformation twin by
emitting a series of 90� partials, b4. The dotted lines form an angle of 7.33�, which has to be accommodated by elastic strain [70].
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A deformation twin can be defined by the twin plane K1, shear direction g1, undistorted plane K2,
and direction g2. g2 lies on K2 (see Fig. 28) [54]. Deformation twins in an fcc metal are of compound
type, in which a twin formed by Shockley partials with the Burgers vector parallel to g1 gliding on K1 is
the same as a twin formed by partials with the Burgers vector parallel to g2 gliding on K2. In Fig. 27a,
we can regard K1 and K2 as ð11 �1Þ and (1 1 1) slip planes, respectively. g1 is parallel to b1, and g2 is
parallel to another 90� Shockley partial b2 = 1=6½11 �2�. In other words, when a 90� Shockley partial
b1 reaches the twin boundary TB1, it becomes equivalent to another 90� partial b2 on the (1 1 1) plane.
Under an appropriate external shear stress, the b2 partial could glide to the left, which consequently
moves the twin boundary downward by one atomic plane. When a series of Shockley partials with a
Burgers vector b1 emit from the grain boundary successively on adjacent ð11 �1Þ planes, with each b1

partial converting to a b2 partial that glides to the left, a twin domain III will form, which effectively
converts the regular twin in Fig. 27a into a threefold twin as shown in Fig. 27b. An incoherent twin
boundary, TB3, is also formed.

A threefold deformation twin can be transformed into a fourfold deformation twin via the emis-
sions of a series of 90� Shockley partials from a grain boundary in domain I or III (step 3). Assuming
that a 90� Shockley partial b3 first emits from a point on a grain boundary in domain I (see Fig. 2)
and moves toward the twin boundary TB3, a stacking fault will form, and a twin will nucleate and
grow on both side of the stacking fault via the stress-controlled twin growth mechanism, resulting
in a new twin domain IV (Fig. 27c). The fourfold deformation twin can be transformed into a fivefold
deformation twin (step 4) by emitting another series of Shockley partials (b4) from grain boundaries in
Fig. 29. The Thompson tetrahedron illustrating the possible slip systems and dislocations thereof in an fcc crystal.

Fig. 28. Illustration of twinning elements g1, g2, K1 and K2.
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twin domain III (Fig. 27c), following the same process as the formation of twin domain IV. When a
Shockley partial with a Burgers vector b4 reaches the twin boundary TB3, it forms an edge dislocation
in the displacement shift complete (DSC) lattice, with a Burgers vector opposite to the Burgers vector
of the edge dislocation previously formed by a b3 partial in the DSC lattice. Therefore, these two types
of edge dislocations will cancel each other, which converts TB3 into a coherent twin boundary. In addi-
tion, another coherent twin boundary, TB5, is also formed, which transforms the fourfold twin into a
fivefold twin. It is also possible that the b3 and b4 partials are activated simultaneously, directly trans-
forming a threefold deformation twin into a fivefold deformation twin.

Note that the above ideal twinning process would leave a 7.33� gap (see the angle between the two
dashed lines in Fig. 27d). This is because the angle between two h1 1 1i planes in an fcc metal is
�70.53�, which is 1.47� smaller than the 72� that is required to cover 360� by five twins. This angle
difference is accommodated by elastic strain [229,236]. The lattice distortion from elastic strain can
be seen near twin boundaries of the fivefold twin in Fig. 26 (see the white arrow).

5.3.6. Partial multiplication at twin boundaries
One of the major issues in the formation of deformation twins in nc fcc metals is the source of par-

tial dislocations that are needed on consecutive {1 1 1} slip planes. As discussed earlier, in coarse-
grained fcc metals, several continuous partial-supply mechanisms have been proposed, including
the pole mechanism [71], prismatic glide mechanism [72], faulted dipole mechanism [73], and others
[1,74–76]. However, these mechanisms cannot operate in nc metals due to the lack of dislocation
sources in the grain interior. The partial multiplication mechanisms discussed in Section 5.3.2 and
the RAP mechanism discussed in Section 5.3.3 are two examples of partial dislocation self-generation
mechanisms via dislocation reaction at grain boundaries. Below we will describe several mechanisms
for partial multiplication at twin boundaries, which can form single and multiple twins in a self sus-
tained way [42].

To assist with the description of the twinning mechanisms, we show the unfolded Thompson tet-
rahedron in Fig. 29. As shown, the four {1 1 1} slip planes (represented by four triangles) can be de-
noted as (a)–(d). The (b) and (d) planes are shaded here because they will be used to help describe
the formation of deformation twins in the following sections. Note also that points a, b, c and d are
at the center of the triangles BCD, ACD, ABD, and ABC, respectively. The lines that link the center of
a triangle with its corners, e.g. Ab, and dC, represent the Burgers vectors of partial dislocations on that
slip plane. Ab represents a Burgers vector from A to b. Other Burgers vectors herein are defined in the
same way. A dislocation whose Burgers vector links the centers of two slip planes is defined here as a
stair-rod dislocation (e.g. bd), which follows the definition by Thompson [54,76].

5.3.6.1. Single twin via partial reactions at twin boundary. As shown in Fig. 30a, a partial dislocation, Cb,
glides on the (b) plane toward a stacking fault, SF, on the (d) plane, and is stopped on the slip plane
next to the SF. Driven by applied stress, the partial Cb dissociates into a partial dislocation Cd on
the (d) plane and a stair rod dislocation db according to Fig. 29:
Fig. 30.
nucleat
Cb! Cdþ db ð7Þ
According to Fig. 30b, Cd glides to the right to nucleate the twin, leaving behind the stair-rod disloca-
tion db. The stair-rod dislocation db can further dissociate into a partial dC on the (d) plane and a
partial Cb on the (b) plane according to Fig. 29:
Schematics of dislocation reactions between partial Cb on the (b) plane and a stacking fault, SF, on the (d) plane to
e a single twin. Repetition of these reactions leads to the growth (thickening) of this twin [42].
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db! dCþ Cb ð8Þ
This reaction, and others to follow, needs applied stress to overcome the energy barrier. As shown
in Fig. 30c, dC glides to the left to extend the twin nucleus and the partial Cb glides up by one atomic
plane.

The above dislocation reactions at the stacking fault SF nucleate a two-layer twin, and leave behind
the original partial dislocation Cb at the twin boundary. The partial Cb can continue the above dislo-
cation reaction and slip with each reaction cycle growing the twin by one slip plane.

In this twinning mechanism, the self partial-multiplication mechanism involves a Shockley partial
at the twin boundary (see Fig. 30c). This Shockley partial should be associated with, and located at the
end of, a stacking fault. Therefore, we should see a twin in the (d) plane and a stacking fault in the (b)
plane. Such a configuration is indeed observed in nc Cu processed by high-pressure torsion, as shown
in Fig. 31.
5.3.6.2. V-shaped twin via dislocation reaction andcross-slip [42,67,69]. This mechanism is different from
the cross-slip mechanism proposed by Fujita and Mori [237]. The latter does not provide for a mech-
anism for the twin to grow (thicken) by itself. To describe this mechanism, we start with the situation
described in Fig. 30a, in which the partial Cb is stopped at the stacking fault SF. The partial Cb now
dissociates into the following dislocations (see Fig. 29) under an applied stress with appropriate stress
magnitude and orientation:
Cb! CAþ Adþ db ð9Þ
Ad glides to the right to nucleate a twin on the (d) plane, while CA cross-slips to the next intersection
of the (d) and (b) planes (see Fig. 32a). The stair-rod dislocation db is sessile. CA now dissociates into
two partials on the (b) plane:
CA! Cbþ bA ð10Þ
bA glides upward to nucleate a twin on the (b) plane, forming the nucleus of a V-shaped twofold twin
(see Fig. 32b).

The partial Cb can repeat the above dislocation reactions and processes, causing growth (thicken-
ing) of the twofold twin, as illustrated in Fig. 32c. As shown, there is a stair-rod dislocation db at every
intersection of the (d) and (b) planes. This results in a high stress at the ends of the stair-rod pileup at
the intersecting boundary of the two twins. When the stress is very high, partial or perfect dislocations
could be emitted or absorbed to relieve these stress concentrations.
Fig. 31. A single twin that is consistent with the self-multiplication mechanism [42].
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Such a V-shaped twin has been observed in electrodeposited nc Ni after cryo-rolling at liquid nitro-
gen temperature [69]. Shown in Fig. 33a is the HREM image of a nc Ni grain marked as A. The image
inside the white frame is shown in Fig. 33b. As shown, two intersecting twins are visible, labeled as T1

and T2, respectively. The T1 is observed to extend all the way from the grain boundary on the right side.
One end of the T2 intersects with T1 in the area marked by B, while the other end terminates inside the
grain (marked as D). This V-shaped twin was formed by the dislocation reaction and cross-slip mecha-
nism illustrated in Fig. 32.

5.3.6.3. T-shaped twin via dislocation reaction and cross-slip. A T-shaped twin can be formed in a process
similar to the V-shaped twin. Assuming that a V-shaped twin is already formed (see Fig. 34A). A partial
dislocation Cd, emitted from the grain boundary or another source, glides to the right on a (d) plane
adjacent to the original stacking fault (see Fig. 34A). The partial Cd is stopped by the twin boundary
and dissociates into the following dislocations (see Fig. 29) under the applied stress:
Fig. 33.
area in

Fig. 32.
at the t
shaped
Cd! CAþ Abþ bd ð11Þ
Ab glides upward to nucleate a twin on the (b) plane, while CA cross-slips to the intersection of the
next (d) plane and (b) plane (similar to that shown in Fig. 32a). The stair-rod dislocation bd is sessile
and cannot move. CA now dissociates into two partials on the (d) plane:
CA! Cdþ dA ð12Þ
dA lides to the left to grow the twin on the (d) plane (see Fig. 34B). The partial Cd can repeat the above
dislocation reactions and processes, causing growth (thickening) of the T-shaped twin, as illustrated in
Fig. 34c.
HREM images showing (a) a grain that contains a cross-slip twin in the white frame and (b) an enlarged image of the
the white frame in (a) [66].

Schematics of the nucleation and growth of a V-shaped twofold deformation twin by dislocation reaction and cross-slip
win boundary. (A) Nucleation of a twin on the (D) plane. (B) Nucleation of the second twin on the (B) plane. (C). A V-
twofold twin after some growth. A stair-rod dislocation db is at every intersection of the (D) and (B) planes [42].



Fig. 34. Formation of a T-shaped twin. (A) A partial, Cd, slip toward the twin boundary. (B) After the dislocation reactions (Eqs.
(5) and (6)), a T-shaped twin is nucleated, leaving behind the partial Cd to repeat another dislocation reaction cycle. (C) The final
T-shaped twin with two arrays of stair-rod dislocations [42].
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As shown in Fig. 34C, the above process produces a stair-rod dislocation bd at every intersection of
(d) and (b) planes, which is of the opposite sign to the db stair-rod dislocations formed earlier in the
twofold twin. The arrays of bd and db stair-rod dislocations partially cancel each other’s long-range
stress fields [238]. However, the pileup tips would still have local stress concentration. Note that fol-
lowing the processes similar to what are described in the Figs. 32 and 34, an X-shaped twin can also
form [42].

5.3.7. Dislocation rebound mechanism
The single and multiple twins could also be formed by the dislocation rebound mechanism [239].

The elastic field of a partial dislocation is reflected (or partially reflected) at grain boundaries or twin
boundaries (analogous to shock wave reflection) [239]. The reverse shear field can aid in nucleation of
an opposite-sign dislocation where the first one impinged, especially if the velocity of the dislocation
approaches the Rayleigh velocity (sound velocity) [42,48,239]. This dislocation rebound mechanism
can produce the single twin, V-shaped twin, T-shaped twin, and X-shaped twins described above
[42]. The rebound mechanism is deliberated in the following sections.

As shown in Fig. 35a, a partial, Cd nucleates from the grain boundary on the left, glides to the right
to form a stacking fault. Such events have been observed both in MD simulations [9,10] and by HREM
[8]. The elastic field of the partial dislocation is reflected by the grain boundary on the right, which
helps with the nucleation of a partial dislocation with an opposite sign, dC on the next slip plane. This
partial glides to the left, nucleating a single twin, as shown in Fig. 35b. Note that the nucleation and
glide of dC leaves behind a partial of opposite sign, Cd, on the right grain boundary (see Fig. 35b).

5.4. Grain size effect

Grain size is an essential factor that affects the formation of deformation twins in metals and alloys.
It has been extensively reported in the literature that larger grain sizes are more favorable to twin
nucleation for conventional coarse-grained (CG) materials [11,240]. This is rationalized as follows.
Both the critical stresses r for dislocation slip and twinning follow a Hall–Petch type (H–P) behavior,
r ¼ r0 þ kd�a, where d is grain size, r0 and k are constants and a is an exponent typically equal to 0.5.
For many CG metals and alloys, the H–P slope for deformation-twinning-mediated plasticity (kDT) is
Fig. 35. The formation of a single twin by the rebound mechanism. (a) A partial Cd glides to the right to form a stacking fault. (b)
Cd rebounds as dC from a grain boundary or twin boundary to nucleate a single twin. Two partials Cd are left superposed on the
grain boundary at the right [40].
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much larger (up to 10 times) than that for dislocation slip (kDS) [11,81]. Therefore, for coarse-grained
metals and alloys, decreasing grain size favors dislocation slip and makes twinning more difficult. The
physical reason for such a grain size effect in coarse-grained metals is not understood. Yu et al. [241]
recently attempted to explain such a phenomenon by a ‘‘stimulated slip’’ mechanism. More studies are
needed to probe its fundamental physics.

However, when the grain size is further refined down to nanometer regions (below 100 nm), defor-
mation twinning has been frequently observed even in materials with medium to high stacking fault
energies such as copper and nickel. Therefore, twinning was considered as one of the major plastic
deformation mechanisms of nanostrutured materials [8,24–30]. The grain size effect on deformation
twinning in the nc fcc Ni was systematically investigated in a recent study [171]. An electrodeposited
nc-Ni foil with grains in the range of 10–75 nm and an average grain size of �25 nm were deformed at
liquid nitrogen temperature at a strain rate of 3 � 10�3 s�1 to a strain of 5.5% and at a flow stress of
1.5 GPa. About 130 grains were examined under HREM to check if they contain deformation twins
and stacking faults. Fig. 36 shows the histograms of (a) grain size distribution, (b) the number of grains
containing stacking faults and twins, and (c) fractions of grains containing stacking faults and twins in
samples deformed under tension. Fig. 36b shows that with decreasing grain size the number of grains
containing twins (hereafter referred to as twinned grains) first increases and then decreases, while the
number of grains containing stacking faults increases monotonically. The fraction of twinned grains is
a good statistical indicator of twinning propensity. Therefore, Fig. 36 indicates that the twinning
Fig. 36. Statistical grain size effect on the formations of stacking faults and deformation twins in nc Ni deformed under tension
at liquid nitrogen temperature. The twin is defined as consisting of two or more layers of stacking faults on consecutive slip
planes. (a) The size distribution of all grains examined under TEM. (b) The number distributions of grains containing stacking
faults and twins. (c) The fraction distribution of grains containing stacking faults and twins. Each fraction was calculated as the
ratio of the number of grains containing stacking faults and twins to the total number of grains in the corresponding size range
[164].
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propensity first increases and then drops with decreasing grain size. The decrease of twinning
propensity with decreasing grain size is called the inverse grain-size effect [171]. This inverse grain size
effect was also verified by synchrotron and neutron diffraction [242], and later observed in nc Cu
[243], which has a lower stacking fault energy and very different general planar fault energies from
the Ni. This suggests that it is a common phenomenon in nc fcc metals.

The experimental observation of grain size effect shown in Fig. 36 is consistent with what is pre-
dicted by an analytical model of Zhu et al. [57,59]. Fig. 36 shows an optimum grain size at which the
twinning is easiest, which is also predicted by the model. The details of this model will be discussed
later in Section 5.8.3.

One of the salient features of the data in Fig. 36 is that no inverse grain-size effect exists for stack-
ing faults. This is due to the effect of generalized planar fault energies on the nucleation of twins,
which make it more difficult to activate twinning partial than to activate the first partial to form stack-
ing fault. In other words, the grain size effect on the deformation twins and stacking faults can be ex-
plained by the combined effect of grain size effect described in Section 5.8.3 and the general planar
fault energy effect described in Section 5.5 [171]. A recently proposed ‘‘stimulated slip’’ model
[241] was also used to explain the inverse-grain size effect on twinning [243], which is not appropriate
because the deformation physics assumed in the model is consistent with coarse-grained metals, but
not with nanocrystalline metals. In addition, the ‘‘stimulated slip’’ model cannot explain the grain size
effect on the formation of stacking faults.

5.5. General planar fault energy effect

Traditionally, stacking fault energy is considered as the primary intrinsic material property that af-
fects the twinning propensity [54]. It is well known that lower stacking fault energy promotes defor-
mation twinning in coarse-grained fcc metals and alloys. The same trend has also been observed in nc
fcc metals and alloy. For example, higher density of deformation twins was observed with decreasing
stacking fault energy in nanostructured Cu–Al alloys subjected to dynamic plastic deformation [244],
and in the Cu–Zn alloy system subjected to HPT processing [51,101,219,221,222,245].

Recent molecular dynamics (MD) simulations, phase field simulation, analytical modeling and
experimental observations reveal that the stacking fault energy alone is not sufficient to explain the
observed twinning behavior, and the generalized planar fault energies (GPFEs) also significantly affect
the partial-dislocation-mediated deformation processes in nc materials [10,29,188,246]. In fcc metals,
the GPFE curves describe the energy change caused by rigidly shifting two semi-infinite crystals on a
{1 1 1} plane along a h1 1 2i direction [10]. The GPFE curves can be most accurately calculated using
the ab initio approach [201], although some errors and variation could result from boundary condi-
tions and simulation code.

The three most important energies on the GPFE curves are the stacking fault energy (csf), unstable
stacking fault energy (cusf), and unstable twin fault energy (cutf). As shown in Fig. 37, Ni has very high
stacking fault energy, and therefore, by conventional wisdom, should not deform by the slip of partial
dislocations, which generate stacking faults. However, MD simulations revealed stacking faults, and
experiments revealed both stacking faults and deformation twins in nc Ni. These results were ex-
plained by the GPFEs [10] and other factors [188,247]. Specifically, after a leading partial generates
a stacking fault, the nucleation and gliding barrier for the trailing partial is a function of cusf–csf, which
is large for Ni and Cu, as compared to Al. This makes it possible for some first partials to slip without
trailing partial following them, creating stacking faults. Also, since the unstable twin fault energy is
not much higher than the unstable stacking fault energy, twins should be possible once a leading par-
tial is emitted, thus making it possible to produce twins in nc Ni despite its high stacking fault energy.
The GPFEs have been used to explain the differences in deformation mechanisms of nc Al, Ni and Cu
with a small grain size of 12 nm, which were investigated by MD simulations [10].

The GPFE curves can also help explain the grain size effect on twinning and stacking fault shown
Fig. 36. The precondition for the nucleation of a deformation twin is to first form a stacking fault. In
other words, a stacking fault was first formed by a leading partial, and then a twinning partial con-
verted the stacking fault to a twin nucleus. This suggests that leading partials were first activated
in grains with a wide range of grain sizes to create stacking faults, but twinning partials become more



Fig. 37. Schematic of the generalized planar fault energy curves for Ni [201]. csf is the stable stacking fault energy; cusf is the
unstable stacking fault energy; cutf is the unstable twin fault energy; a is the lattice constant.
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difficult to nucleate and slip with decreasing grain size if the inverse grain-size effect is operating.
Therefore, it takes higher applied stress to emit a twinning partial than a leading partial that creates
a stacking fault. This is consistent with the effect of GPFE energies on partial slip. As shown in Fig. 37,
the unstable twin fault energy is higher than unstable stacking fault energy, which makes it more dif-
ficult to emit twinning partials. It has also been reported that higher stresses are required to emit par-
tials in smaller grains [23,27]. One can envision that below a certain critical grain size the stress
required to emit a twinning partial becomes higher than the applied stress, which stops twinning
but still allows the emission of the leading partials to create extended stacking faults. Due to the var-
iation in grain orientations and local stress states, this leads to a statistical decrease in twin density
with decreasing grain size, i.e. the inverse grain-size effect on twinning. Since the stress is still high
enough to emit leading partials, there is no inverse grain size effect on stacking fault.

Recently, an analytical model was proposed to quantitatively describe the twinning tendency of fcc
metals basing on the GPFE curves [188]. It should be noted that the GPFE effect alone cannot explain
the observed grain size effect on deformation twinning. Specifically, the grain size effect was not ad-
dressed in the reported GPFE models [10,188]. Also note that GPFE curves should be calculated using
the ab initio method, which is much more accurate than the MD simulations in this case. The latter
could lead to significantly different GPFE curves depending on the atom potentials used in the simu-
lation [10,248]. It should be also noted that GPFE curves are not affected by grain size. MD simulations
using a specific grain size can only represent that particular grain size and cannot be extrapolated to
other grain sizes [171]. More discussions on the GPFE energy based models will be presented later in
Section 5.8.4.
5.6. Non-equilibrium grain boundary

Nanocrystalline materials often have non-equilibrium grain boundaries with high densities of
extrinsic (extra) dislocations [35,65,225,234,249,250]. This is especially true for those nc metals and
alloys produced by severe plastic deformation [65]. A typical non-equilibrium grain boundary is
shown in Fig. 38a, which is an HREM image of a low-angle grain boundary in a nc Cu [225]. The
two grains are misoriented for about 9�. Fig. 38b is a structural model corresponding to the low-angle
grain boundary. From this model, it is seen that two types of dislocations with Burgers vectors b1 and
b2 are needed to accommodate the geometrical misorientation. In other words, these dislocations are
geometrically necessary. Valiev et al. referred to these geometrically-necessary dislocations as intrin-
sic dislocations [251]. According to Fig. 38b, the spacing of type 1 dislocations is about 18 Å, which is



Fig. 38. (a) An HREM image of a non-equilibrium low-angle grain boundary and (b) its equilibrium structural model. Burgers
vectors are b1 and b2 [225].
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consistent with that measured from Fig. 38a. However, there are three more type 2 dislocations in
Fig. 38a than in Fig. 38b, which indicates that three extrinsic (or non-geometrically-necessary) dislo-
cations exist at the grain boundary shown in Fig. 38a. Therefore, this segment of low-angle grain
boundary is in a high-energy configuration and should be called non-equilibrium grain boundary.

Dislocations on non-equilibrium grain boundaries may have unique structures. Fig. 15 shows an
HREM image of a non-equilibrium low angle (�3�) grain boundary in nanocrystalline Ni formed by
surface mechanical attrition treatment [187]. 60� dislocations with (1 1 1) half planes are marked
on the grain boundary. Importantly, Fig. 15 shows dissociated 60� dislocations with wide stacking
faults. The boundaries of two such wide stacking faults are marked by two pair of lines, respectively.
The stacking fault widths are in the range of 1.22–3.66 nm.

The existence of dissociated dislocations on non-equilibrium grain boundaries has important con-
sequences on the deformation twinning in nc Ni. First, the leading partial can simply slip into the grain
interior under an external stress, becoming an extended partial and creating a stacking fault. In other
words, the emission of the leading partial is affected by the stable stacking fault energy, but not by the
much higher unstable stacking fault energy. Second, since the trailing partials already exist on the
grain boundary, it could also slip into the grain interior, a process that does not have to overcome
the high unstable SFE predicted by the GPFE curve. The easy emissions of the trailing partials effec-
tively erase the stacking faults created by the leading partial, which lowers the density of stacking
faults. In addition, if two dissociated dislocations on a grain boundary happen to be on adjacent planes,
a twin nucleus forms. Such a twin nucleation process will not need to overcome the high unstable
twin fault energy on the GPFE curves. Therefore, the non-equilibrium grain boundaries would make
twinning easier.
5.7. Strain rate and temperature effect

The strain rate and temperature effect on deformation twinning in nc fcc metals and alloys is sim-
ilar to their effect on coarse-grained fcc metals and alloys. Specifically, lower temperature and higher
strain rate usually promote deformation twinning in nc fcc metals and alloys [103,104,252]. Zhao et al.
[153] reported that nanostructured Cu did not deform by twinning at room temperature but produced
large quantity of deformation twins at liquid nitrogen temperature, verifying that the low temperature
indeed promote deformation twinning in nanostructured materials.
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Wu and Zhu [171] statistically studied the strain rate and strain effect on deformation twinning in
nc Ni. An electrodeposited nc-Ni foil with grains in the range of 10–75 nm and an average grain size of
�25 nm were deformed at liquid nitrogen temperature under three deformation modes with increas-
ing strain rate and strain: (1) quasi-static tension at a strain rate of 3 � 10�3 s�1 to a strain of 5.5% and
at a flow stress of 1.5 GPa, (2) rolling at a strain rate of 2 � 10�2 s�1 to a strain of 9.8%, and (3) split
Hopkinson pressure bar (SHPB) test at a strain rate of �2.6 � 103 s�1 to a strain of 13.5% and a flow
stress of �2 GPa. About 130 grains for each sample were examined using HREM to obtain good statis-
tics. Shown in Fig. 39 is the fractions of grains that contain at least one twin. The fraction of twinned
grains increased from 28% under tension to 38% under rolling to 44% under SHPB. The strain rate effect
is believed caused by the higher flow stress with higher strain rate [171]. The flow stress under tension
was 1.5 GPa and this was increased to 2.0 GPa under SHPB [188,193]. Although the flow stress under
rolling could not be measured, it should be between 1.5 GPa and 2.0 GPa, because higher stain rate
usually leads to higher flow stress. This observation is somewhat different from that in a recent study
using laser driven compression at an extremely high strain rate of >107 s�1 [189], but consistent with a
recent MD simulation on strain rate effect [193,194].

5.8. Twin nucleation and growth models

Several models based on various assumptions have been proposed to describe the formation of
deformation twins in nc fcc metals. The validity of a model is determined by how much deformation
physics it is based on and it predicts. A model that is not based on the deformation physics observed
by experiments or MD simulations is of little scientific value, although it sometimes can be used to fit
the observed experimental data by adjusting the fitting parameters. Such a model can often mislead
the scientific community. Below we discuss a few well-known models and their limitations.

5.8.1. Conventional dislocation model
Two similar models were proposed to explain the formation of deformation twins in nc metals

[6,65]. In the model by Chen et al. [6], the stress needed to activate a lattice dislocation is described as
Fig. 39
Tension
strain r
sL ¼
2gGb

d
ð13Þ
where g is a parameter that reflects the characteristics of the dislocation (g = 0.5 for an edge disloca-
tion and g = 1.5 for a screw dislocation), G is the shear modulus, b is the magnitude of the Burgers vec-
tor of the lattice dislocation, d is the grain size. The stress to activate a partial dislocation is described
as
. The fraction of twinned grains in nc Ni deformed at liquid nitrogen temperature under tension, rolling and SHPB.
: strain rate = 3 � 10�3 s�1, strain = 5.5%, flow stress = 1.5 GPa; rolling: strain rate = 2 � 10�2 s�1, strain = 9.8%; SHPB:
ate = �2.6 � 103 s�1, strain = 13.5%, flow stress = �2 GPa [171].
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The Ha

Mate

bcc
Fe–3
Arm
Fe–2
Cr
Va

fcc
Cu
Cu–6
Cu–9
Cu–1
Cu–1

hcp
Zr
Ti
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sP ¼
2gGb1

d
þ c

b1
ð14Þ
where b1 is the magnitude of the Burgers vector of the partial dislocation, and c is the stacking fault
energy. When g = 0.5, these two equations become identical to those in the work by Liao et al. [65].

Because b > b1, sP will increase at a slower rate than sL, which means that it will be easier to activate
a partial dislocation than a perfect dislocation when the grain is below a critical size. These two mod-
els seem very straightforward in explaining the activation of partial dislocations, which is a prerequi-
site of deformation twinning.

Unfortunately, experimental data show that smaller grain size hinders, not promotes, deformation
twinning [11,81], which directly contradicts these two models [6,65]. It has been found that the crit-
ical stress for twinning follows a Hall–Petch relationship [11],
rt ¼ rt0 þ jtd
�1=2 ð15Þ
where rt0 is a constant and jt is the Hall–Petch slope for twinning. Eq. (15) is similar to the well-
known Hall–Petch relationship for the slip of a perfect dislocation:
rs ¼ rs0 þ jsd
�1=2 ð16Þ
where rs0 is a constant and js is the Hall–Petch slope for the slip of a perfect dislocation.
Table 1 lists the Hall–Petch slope for both twinning and for slip of lattice dislocations [11]. As

shown, the Hall–Petch slope for twinning is higher than that for the slip of lattice dislocation for
bcc, fcc, and hcp metals and alloys. Therefore, the models are not supported by experimental data.
Moreover, these two models predict an unrealistically high critical stress for twinning [6], which re-
flects their problem. The models also made an inexplicit assumption that activation of partial disloca-
tion equals formation of twinning, which, as shown later, is not correct. Another obvious evidence that
this model cannot account for the deformation physics is that it cannot explain the experimentally ob-
served inverse-grain size effect shown in Fig. 36.

The reason for the failure of this model is that Eqs. (13) and (14) are based on an early (1961) work
by Venables [72], which did not account for the recently observed deformation physics of nc materials,
i.e. the dislocation emission from grain boundaries, as discussed in Section 5.3.2. In other words, this
model is not based on physics that prevails in nc materials, and therefore is not correct. However,
unfortunately, due to its simplicity, this model has been used by many research groups to explain
why deformation twinning occurs in nc materials [6,65,80].
ll–Petch slopes for bcc, fcc and hcp metals and alloys [11].

rial H–P slope for slip, js (MPa mm1/2) H–P slope for twinning, jt (MPa mm1/2)

wt.% Si 12 100
co Fe 20 124
5 at.% Ni 33 100

10.08 67.75
3.46 (20 K) 22.37

5.4 (RT) 21.66 (77 K)
wt.% Sn 7.1 11.8 (77 K), 7.9 (RT)
wt.% Sn 8.2 15.77 (77 K)
0 wt.% Zn 7.1 11.8 (77 K)
5 wt.% Zn 8.4 16.7 (295 K)

8.26 79.2
6 (78 K) 18 (4 K)
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5.8.2. Partial emission from grain boundaries
A recent analytical dislocation model by Asaro et al. [253] considered the MD simulation and

experimental results, which indicate partial dislocations emissions from boundaries of nanosized
grains. The critical stress needed to move a lattice dislocation is described as
Fig. 40.
dissocia
(1 1 1)
sL ¼
Gb
d

ð17Þ
and the critical stress needed to move a partial dislocation is described as
sP ¼
Gb
3d
þ ð1� dÞ c

Gb
ð18Þ
where d is the ratio of equilibrium stacking fault width to grain size.
This model predicts that below a certain critical grain size partial dislocations from GBs need a low-

er stress to move than lattice dislocations in nc metals. Most importantly, it predicts a realistic, low
twinning stress that is obtainable under experimental conditions such as ball-milling. However, the
model does not address one critical issue: as shown in Fig. 36, the emission of a partial dislocation
does not guarantee the nucleation of a deformation twin because the trailing partial could easily fol-
low to erase the stacking fault formed by the first partial.

5.8.3. Twinning partial from grain boundaries
To address the above issue in the above model, Zhu et al. recently developed an analytical model to

describe the nucleation and growth of deformation twins in nc fcc metals [57,59]. This model is de-
scribed below.

The model assumes a grain with a square (1 1 1) slip plane, as shown in Fig. 40, similar to that used
in a previous study [253]. Under an external shear stress, s, a 30� leading Shockley partial, b1, is emit-
ted from grain boundary AB, depositing two segments of partial dislocation lines (Aa and Bb) on the
grain boundaries. s is oriented at an angle a with line ab. A trailing 30� partial, b2, is also emitted (line
Aa0b0B). The two partials ab and a’b’ are separated by a stacking fault (Fig. 40a). The two partials react
to form two perfect dislocation segments, Aa0 and Bb0 at the GBs. This dislocation system is called a
Screw system hereafter, because the two partials can form a perfect screw dislocation along the grain
boundary AB.

To nucleate a deformation twin, a stacking fault needs to be first created. This can occur via: (1)
emission of a 30� partial, b1, from grain boundary, (2) extending the stacking fault ribbon in
Fig. 40a across the grain. Both scenarios may occur depending on the orientation of s. In Fig. 40a,
for the partial b1 to move, s has to perform a work to overcome increases in both the stacking fault
energy and dislocation energy from lengthening segments Aa and Bb [54]. The critical stress for mov-
ing partial b1 can be derived as [57]:
A schematic illustration of the dislocation model for the nucleation of deformation twins. (a) a perfect screw dislocation
ted into two partials b1 and b2; (b) the nucleation of a deformation twin via the emission of a twinning partial on a

plane adjacent to the stacking fault plane; (c) the emission of a trailing partial that removes the stacking fault [57,59].
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where c is the stable stacking fault energy, a is the lattice parameter, m is the Poisson’s ratio, and d is
the grain size defined in Fig. 40.

The s needed to move the leading and trailing partials together is equivalent to s for moving a
screw lattice dislocation. s has to overcome the work needed to lengthen the lattice dislocation seg-
ments Aa0 and Bb0, and can be derived as:
sL ¼
Ga

2
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d
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After the stacking fault formation, a twin may nucleate via the emission of a second 30� partial, b1,
from the grain boundary on a plane adjacent to the stacking fault (Fig. 40b). On the other hand, a trail-
ing partial may also emit on the stacking fault plane and erase the stacking fault in its path (Fig. 40c).
The critical twin nucleation stress can be derived as:
stwin ¼
Gað4� mÞ
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The trailing partial requires a stress, strail, to move, which can be derived as
strail ¼
1
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Once a twin is nucleated, it may grow via the emission of more b1 twinning partials under stress
stwin. It may also shrink via the emission of a shrinking partial, b2, on a plane adjacent to the twin
boundary but on the twin side. The stress needed to move a shrinking partial can be derived as:
sshrink ¼
1

cosðaþ 30�Þ
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The stresses, sP, sL, stwin, strail, and sshrink, determine the nucleation and growth of a deformation
twin. For example, at sP < sL, partial dislocations will be emitted from the grain boundary, and at
stwin < strail, a twin may nucleate. In the following, Al is used as a model material to validate the model
[57,59]. For Al, G = 26.5 GPa, m = 0.345, a = 0.404 nm, and c = 122 mJ/m2 [54,144]. In Fig. 41, the stres-
ses, sP, sL, stwin, strail, and sshrink, are plotted as a function of grain size d for a = 25�. The point B in Fig. 41
represents the critical grain size, dB, below which a deformation twin nucleates because stwin < strail.
1. The critical stresses, sP, sL, stwin, strail, and sshrink, as a function of nc Al grain size d for a given a value of 25� [57].
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However, a deformation twin can nucleate only after the formation of a stacking fault. As shown, at
grain size dB, sL < sP, i.e. the lattice dislocation is operating at point B0. It is also calculated that the
stacking fault width at sL is far larger than dB [57]. This means that a deformation twin nucleates after
a stacking fault ribbon spreads across the grain. Interestingly, at point B0 the grain size is larger and the
critical stress is lower for twin nucleation than those for the partial dislocation emission at point A,
because the stacking fault of a dissociated lattice dislocation would spread across the grain before a
partial is emitted. In other words, a twin will nucleate at the critical grain size dB under the stress
of dB at B0.

The above equations and analysis are for the Screw system only. There are two other possible dis-
location systems: a 60� I system with a leading 90� partial and a trailing 30� partial, and a 60� II system
with a leading 30� partial and a trailing 90� partial [57]. These two systems are amenable to the same
procedure, and therefore we only present the final results. It is found that the 60� II system does not
operate because it requires much higher stress to nucleate a deformation twin. In a polycrystalline nc
sample, grains are likely to orient in all orientations. Therefore, a deformation map linking stresses of
deformation twin nucleation and growth with grain size is very useful and desirable. Such a map can
be constructed by plotting the critical (the lowest) stresses against the critical grain sizes, without the
stress orientation information (see Fig. 42).

The deformation map in Fig. 42 reveals that there are optimum grain sizes for deformation twin
nucleation (the lowest stress point at cup bottom), which are 4.85 nm and 7.25 nm for the 60� I and
Screw systems respectively. The minimum stresses for the 60� I and screw systems in Fig. 42 were de-
rived and simplified as [59]
Fig. 42.
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As shown in Fig. 42, these two minimum stresses are very close. For simplicity, we use their aver-
age as the critical stress for twinning, which can be derived as
sm ¼
c

2a
1:72ð4� 3mÞ

2:89� m
þ 12:21

3:73þ m

� �
ð26Þ
Eq. (26) can be approximated and simplified by assuming the value of m in the denominators as
0.33, which yields
sm ¼
ð5:69� 2:02mÞc

2a
ð27Þ
Calculation shows that the error in Eq. (27) caused by the approximation is less than 2% for a wide
range of m values from 0.25 to 0.45. Such a small error is negligible, considering the semi-quantitative
nature of the model.
A deformation map showing the critical stresses for deformation twin nucleation and growth in nc Al as a function of
ze for the 60� I and the Screw dislocation systems [57].
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The optimum grain size for twinning, or the grain size at which the twinning stress is lowest for the
60� I and screw systems in Fig. 42 can be calculated from the following simplified equations [59]
Table 2
The crit
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For simplicity, we can use average of the Eqs. (28) and (29) as the critical grain size, dm, for
twinning:
dm

lnð
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¼ 9:69� m
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ð30Þ
The critical stress and optimum grain size for deformation twinning for Al, Cu and Ni calculated
using Eqs. (27) and (30) are listed in Table 2. The predicted critical twinning stress is obtainable under
experimental conditions and optimum grain size for twinning agrees well with experimental observa-
tions [57,59,171].

One of the most significant feature of this model is its successful prediction of normal and inverse
grain size effect on deformation twinning [171]. However, it also has a major deficiency: it does not
consider the effect of GPFE’s, which affects the nucleation and gliding of the first and twinning partials.
Consequently, this model cannot explain why no inverse grain size effect is observed for stacking
faults (Fig. 36). In addition, this model treated dislocation lines as straight lines for simplicity, while
they should be curved inside the grain in the real situation. Gu et al. recently developed a curved dis-
location-line model to describe the partial emission from the grain boundary to form stacking faults
[254], which is an improvement over the previous straight-line model [253]. Another modification
and improvement is the incorporation of interactions between dislocations [255–257], which im-
proved the accuracy of the equations, but also significantly increased the complexity of the mathemat-
ical equations.

Finally, the most significant contribution of this model is its successful description of the grain size
effect on deformation mechanisms. As shown in Fig. 41, the critical stresses for moving all dislocations
increase with decreasing grains size. However, the rate at which the critical stress increases with
decreasing diameter varies with the type of the dislocation. For example, below a critical grain size
the critical stress sP for the leading partial will be lower than that for the lattice dislocation sL. The
physical reason for the grain size effect is the deposition of the dislocation lines (see Fig. 40) on the
grain boundaries as a dislocation glides forward under an applied stress. The deposited dislocation
lines add strain energy to the system and act to drag the gliding dislocation. The dragging force does
not change with grain size d, while the driving force for the dislocation slip is proportional to the
length of the gliding section of the dislocation, which is equal to the grain size d. The difference in
grain size dependences of the dragging and driving forces makes it more difficult for dislocations to
move in smaller grains.
ical stress and optimum grain size for the formation of deformation twinning in Ag, Al, Au, Cu and Ni, predicted by the
g partial from the grain boundary model (Eqs. (27) and (30)) as well as parameters used for the calculation [54,57,59].

G (GPa) m c (mJ m�2) A (Å) sm (GPa) dm (nm)

30 0.37 22 4.090 0.16 73
26.5 0.345 122 4.04 0.89 6
27 0.44 45 4.080 0.31 30
54.6 0.343 45 3.6146 0.37 46
94.7 0.312 125 3.5232 1.06 23
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5.8.4. General-planar-fault-energy (GPFE) based models
It is generally agreed that GPFE curves have significant effect on the deformation twinning of mate-

rials [10,29,35,49,79,171,201,258–264]. However, how the GPFE curves affect the deformation twin-
ning in nc materials have not been rigorously modeled. Most modeling works involving GPFEs have
so far either focused on twinning at a crack tip in a single crystal [29,258] or using the GPFE concept
to qualitatively explain MD modeling results [10]. The grain size, which has been experimentally ob-
served to significantly affect the twinning, is conspicuously missing in these models. In other words,
the GPFE models reported so far are not specific for nc materials and their validity for nc materials may
be limited. For example, the GPFEs alone cannot explain the experimentally observed normal and in-
verse grain size effect shown in Fig. 36 and discussed in Section 5.4.

Using Rice’s Peierls approach [30], Tadmor and Hai [258] derived an equation describing the twin-
ning criterion:
T ¼ kcrit

ffiffiffiffiffiffiffiffi
cusf

cutf

s
ð31Þ
where T is the twining tendency, kcrit is dimensionless factor that characterize the extra load to nucle-
ate the trailing partial in comparison to the leading partial, cusf and cutf are the unstable stacking fault
energy and the unstable twin fault energy, respectively, as defined in Fig. 37. The value of kcrit depends
on the materials parameters cutf, stable stacking fault energy csf, m, and geometric parameters. More
details can be found in [258]. A two layer twin can nucleate if T > 1, and a trailing partial will nucleate
if T < 1. It should be noted that grain size is not considered in the Eq. (31).

Asaro and Suresh [29] further explored Eq. (31) for a special case where the Burgers vector of the
leading partial is orthogonal to the crack front, and applied shear stress is parallel to the Burgers vector
of the leading partial. They developed Eq. (31) into the following equation
T ¼
ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
ð1þ bÞ

cusf

cutf

s
ð32Þ
where b = 1 � csf/cusf. Therefore, T is only determined by the GPFEs.
Van Swygenhoven et al. [10] used the GPFE curves to explain the differences in deformation mech-

anisms of nc Al, Cu and Ni with a small grain size of 12 nm. Particularly, although both Al and Ni have
similar high stacking fault energy, csf, they deform via very different mechanisms. Al deforms via lat-
tice dislocation slip because its csf/cusf is very small, making the trailing partial easy to nucleate and
emit, while Ni deforms via partial slip because csf/cusf is very large, making the trailing partial difficult
to nucleate and emit. In addition, twinning is rarely observed in three-dimensional nc Al, Ni and Cu
because of their high unstable twin fault energy, cutf. However, these results from MD simulations can-
not be extrapolated to nc materials with larger grain sizes, due to the grain size effect observed exper-
imentally [171]. In other words, when the grain sizes become larger and near the optimum grain size
for twinning, deformation twins were observed [59,171]. Therefore, there is a need to do MD simula-
tions in which grain sizes are systematically varied.

Kibey et al. [79,260] recently developed a sequential, multi-scale approach to predict the twinning
stress. GPFEs were incorporated into the model, and a closed-form expression for twinning stress was
obtained, which was simplified into the following approximate form:
scrit ¼
2

3Nbtwin

3N
4
� 1

� �
cutf þ

2ctsf þ csf

2

� �
� 2

3N
cusf þ csf

btwin
ð33Þ
where N = 3 represents a three-layer critical twin nucleus. ctsf is the energy of the twin boundary. ctsf

can be approximated as half of the stacking fault energy ctsf, but this may not be obeyed by inhomo-
geneous alloys [261,265]. It is obvious from Eq. (33) that the grain size effect is not considered in this
model.
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5.8.5. Future issues on modeling
As discussed above, both grain size and GPFEs have significant effect on the formation of deforma-

tion twins and stacking faults. None of the current models has considered both factors. One possible
approach is to incorporate the GPFEs into the analytical model. However, this is not trivial and also
needs experimental verification of any assumptions that are used in the analytical model. The GPFEs
can affect both the nucleation and glide of the dislocations.

Two fundamental issues need to be investigated. First, how do the GPFEs affect the nucleation of
first partials and twinning partials? This issue needs to be studied experimentally. One question that
remains is if the GPFE curves affect the nucleation of dislocations since the grain boundaries of nc
materials may be in a non-equilibrium state with excess dislocations existing in them. Second, how
do the GPFEs affect the slip of the first and twinning partials. In other words, how the GPFE curves af-
fect the Peierls stresses for these partials. There have been several reports on calculating the Peierls
stresses from GPFEs [264,266–268]. However, a formula for calculating the Peierls stress from the
GPFEs remains to be derived.

It should be noted that any analytical descriptions of twinning models should be based on observed
deformation physics instead of on convenient, arbitrary assumptions. The most important quality of
an analytical model is to capture the deformation physics instead of fitting experimental data, because
only such models can predict comprehensive experimental phenomena.

For MD simulations, it will be of great interest to systematically vary the grain size from 10 nm to
100 nm so that the experimentally observed effect of grain size on twinning can be studied. Ideally,
MD simulations can investigate simultaneously the effects of both GPFEs and grain sizes on deforma-
tion twinning. However, this could be currently difficult because the computational power available to
most researchers may limit the grain sizes that can be practically investigated.
6. Deformation twinning in non-fcc metals

The study on deformation mechanisms of nc materials has been mostly focused on fcc metals.
Nanomaterials with other crystal structures such as nc bcc and hcp metals have not been studied
much, although such studies have recently been reported. In this section, we will give a brief overview
on recent progress on the deformation twinning in nc bcc and hcp metals. It should be noted that stud-
ies on deformation mechanisms of nc bcc and hcp metals are at their very early stages, and many is-
sues and controversies are to be investigated and resolved.

6.1. Deformation twinning in nanocrystalline bcc metals

Compared with the nc fcc metals, the deformation mechanisms of bcc metals are much less stud-
ied. Tang and Wang observed twin formation from crack tips in Mo in MD simulations [269].
Frederiksen et al. [270] did MD simulation studies of the deformation mechanisms of nc bcc Mo with
a grain size of 12 nm, and observed deformation twinning. Although crack formations at grain bound-
aries were extensively observed, only some twins were emitted from cracks. Marian et al. [271] mod-
eled single crystal bcc Fe using MD simulations and found that with increasing strain rate and shear
stress, screw dislocation motion changed from smooth to rough and eventually twinning became the
dominant deformation mechanism. Wang et al. [31] deformed nc bcc Ta with grain sizes of 10–30 nm
by nano-indentation. Subsequent HREM investigation revealed extensive deformation twins in the
nano-sized grains and some grains contain multiple twins with different twin orientations, indicating
that twinning is a major deformation mechanism in nc Ta. These observations in nc bcc metals are
consistent with observations in nc fcc metals and alloys.

6.2. Deformation twinning in nanocrystalline hcp metals

The twinning behavior of hcp materials is very different from that of fcc metals. As discussed ear-
lier, for fcc metals, with decreasing grain size it becomes more difficult to deform by twinning in the
coarse-grain size range [11], but twinning becomes easier once the grain size is smaller than 100 nm
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[9], although twinning may become difficult again when the grain size is too small (inverse grain size
effect) [171]. In contrast, coarse-grained hcp metals usually need twinning to accommodate plastic
deformation in addition to dislocation slip [170,272,273], because there are not five independent
deformation systems, as required by the von Mises criterion for compatibility [165]. However, twin-
ning is rarely observed in nc hcp metals and alloys, with an exception of nc Zr processed by surface
mechanical attrition [274]. It appears that the deformation twinning becomes more difficult with
decreasing grain size and twinning is rarely observed below a certain grain size. The reason for the
observed grain size effect on twinning in hcp materials is not clear.

The twinning mechanisms in hcp metals are still under intensive study. Capolungo and Beyerlein
proposed a twin-nucleation model based on the nonplanar dissociation of the leading dislocation
in a pileup of basal slip dislocations [163]. Wang et al. studied the nucleation of ½10 �12�ð�1012Þ twin
in Mg by atomic simulations, and found that the twin nucleus consists of one �50=107½10 �11� partial
and multiple 1=15½10 �11� partials [159]. Kucherov and Tadmor revealed twin nucleation formed by
partial emission at a crack tip in their MD simulation [275]. Li and Ma observed deformation twin-
ning mediated by the nucleation and glide of zonal dislocations followed by atomic shuffling in hcp
Mg in their MD simulation [164]. They also found that the most favorable zonal dislocation under
compression has a Burgers vector of 1

2
1
2 h10 �1 �2i, i.e. the twinning mode is f10 �11gh10 �1 �2i. This zonal

dislocation involves two ð10 �11Þ planes, forming a two-layer step on the twin boundary. Tomé et al.
studied another twinning mode, f10 �12gh10 �11i, in hcp metals by means of ab initio (density func-
tion theory) and MD simulations [159,161,276]. Kim et al. recently studied the twinning mecha-
nism in nc hcp Mg with ½11 �20� texture (2D columnar structure) [277]. However, no zonal
dislocation is involved in the formation of the f10 �12gh10 �11i twin in their simulation results. It
is expected that these issues and controversies will be further clarified and resolved by future
investigations.

We have recently observed deformation twins in nc hcp Mg–10 at.% Ti alloy processed by ball mill-
ing [278]. Fig. 43 shows the HREM image of a deformation twin in the as-processed nc Mg–Ti alloy.
The images are viewed from a ½11 �23� zone axis. Importantly, a two-atomic-layer step (marked by
2) and a one-layer step (marked by 1) on the coherent twin boundaries are shown. This is a
f10 �11gh10 �1 �2i deformation twin, which is consistent with the twinning mode observed in MD sim-
ulation of Mg under compression [164]. The two-layer step shown here is consistent with the zonal
twinning dislocation predicted by the MD simulation. The MD simulation also predicted that the
one-layer steps are immobile and the four-layer steps are unstable and can spontaneously dissociate
into two two-layer steps [164]. The one-layer step is experimentally observed in Fig. 43, while no four-
layer steps have been observed in our samples. Interestingly, this twinning system was also observed
in hcp Ti and Zr processed by severe plastic deformation under pressure, although the twinning only
happened in large grains [272,279].
Fig. 43. HREM micrograph showing a deformation twin in the nc Mg–Ti alloy, viewed along a ½1 1 �23� zone axis. The twin
system is f1 0 �11gh1 0 �1 �2i. A two-atomic-layer step and a one-layer step are on the twin boundary [278].
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7. Interaction between dislocations and twin boundaries

Deformation twinning usually occurs simultaneously with the slip of perfect and partial disloca-
tions, making it inevitable to have interactions between twins and gliding dislocations at twin bound-
aries, which have been observed both experimentally [40–44,218,280,281] and by molecular
dynamics simulations [45–50,282]. These interactions are believed to make twins effective in simul-
taneously increasing the strength and ductility of nc materials [40,47,51,153,221,282,283]. When a
dislocation glides on a slip plane and stops on a twin boundary, the dislocation line becomes parallel
to the cross-line between the slip plane and the twin boundary before any dislocation reaction with
the twin boundary occurs. Consequently, in fcc metals there are only four types possible dislocations
to react with the twin boundary: 30� Shockley partial, 90� Shockley partial, screw perfect dislocation,
and 60� perfect dislocation. To understand these dislocation-twin boundary reactions, we need to in-
voke the double Thompson tetrahedron [217,282,284], which is illustrated in Fig. 44. As shown, the
Thompson tetrahedron above the (1 1 1) twin boundary represents slip systems in the matrix, while
the bottom tetrahedron represents slip systems in the twin. The twin boundary plane is shared by the
matrix above it and the twin below it. Therefore, the tetrahedron in the matrix and the tetrahedron in
the twin should share the same base, which is ABC, as shown in Fig. 44. In other words, dislocations
with Burgers vectors of AB, BC, CA, Ad, Bd, and Cd can slip both in the matrix and in the twin.

Below we will describe all possible reactions between dislocations and twin boundaries. Any reac-
tion could happen provided that applied stress is high enough and in the right orientation. The energy
barrier for dislocation reaction could be used to qualitatively measure how easy the reaction is. Nano-
crystalline materials have much higher flow stress than their coarse-grained counterparts during plas-
tic deformation, which should help overcome the energy barriers. Therefore, some dislocation reactions
with relatively high energy barriers might happen in nc materials but not in coarse-grained materials.

7.1. Cross slip of a 30� partial [285]

When a 30� Shockley partial dislocation cross-slips into the ABC plane at the twin boundary (see
Fig. 44), it can react at the twin boundary to grow the twin [42], or cause detwinning [285,286].
Fig. 44. Illustration of a double Thompson tetrahedron. The top tetrahedron above the (1 1 1) twin boundary represents slip
systems in the matrix, while the bottom tetrahedron represents slip systems in the twin [159].
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The detwinning process is very similar to the twin growth process, except that the partial glides to-
ward the opposite direction after the cross-slip. Below we will describe the detwinning process only,
since the twinning process has been described in Section 5.3.6.

As shown in Fig. 45, the 30� partial, Ba, glides on the BCD plane, leaving behind a stacking fault (SF),
and stops at the twin boundary, TB. Under appropriate applied stress, the following dislocation reac-
tion occurs (see Fig. 1 and 2):
Fig. 45.
TB mar
tetrahe
Ba! Bdþ da ð34Þ
Bd glides to the left to move the twin boundary toward the twin interior by one atomic plane. This also
leaves a step on the twin boundary, and a stair-rod dislocation at the twin step, as shown in Fig. 45b.

The stair-rode dislocation da could further dissociate into two partial dislocations according to the
Thompson tetrahedron:
da! dBþ Ba ð35Þ
where the partial dB will glide on the twin boundary to the opposite direction of Bd under the same
applied stress, because they represent partials with opposite Burgers vectors.

As shown in Fig. 45c, after the dB glides to the right, the twin thickness is reduced by one atomic
plane, i.e. detwinning occurred during the above process. The partial Ba advances to the new twin
boundary under the original applied stress, and can repeat the above process to annihilate the whole
twin.

The energy barrier, which is the energy increase for a dislocation reaction, for the dislocation reac-
tions described in Eq. (34) can be described as [285]:
DEEq34 ¼ bE þ 2:0~E ð36Þ
where bE ¼ Ga2

72pð1�mÞ ln
ffiffi
2
p

d
a and ~E ¼ Ga2

72pð1�mÞ, a is the lattice parameter, d is the grain size, G is the shear
modulus and v is the Poisson’s ratio, which is assumed to be 1/3, which is a reasonable approximation
for most fcc metals. Note that energy barrier described in Eq. (36) and hereafter are based on the
assumption of isotropic elasticity.

The energy barrier for the dislocation reaction in Eq. (35) is [285]
DEEq35 ¼ 3:5bE þ 5:5~E ð37Þ
Eq. (37) indicates that the reaction in Eq. (35) requires much higher applied stress than the reaction in
Eq. (34) to overcome the energy barrier. If the applied stress is high enough to activate the reaction
described in Eq. (34) but not the reaction in Eq. (35), then a step will be produced on the twin bound-
ary. Twin boundaries with steps have been extensively observed experimentally [65,218,281] and by
MD simulations [45,22,157]. Some of these steps could be formed by the mechanism described here.
Detwinning process caused by the interaction of a 30� partial, Ba, with the twin boundary. SF marks the stacking fault,
ks the twin boundary (thick black lines). BCD and ABC represent the BCD and ABC slip planes in the Thompson
dron, respectively [159].
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7.2. Transmission of a 30� partial across twin boundary

As shown in the double Thompson tetrahedron (Fig. 44), the tetrahedron in the matrix and the tet-
rahedron in the twin share the same base, which is ABC, as shown in Fig. 44. In other words, disloca-
tions with Burgers vectors of AB, BC, CA, Ad, Bd, and Cd can slip both in the matrix and in the twin. The
30� partial, Ba, on the BCD slip plane in the matrix, can have the following dislocation reaction to re-
lease another partial in the twin:
Fig. 46
BCD0 pl
Ba! Ba0 þ a0a ð38Þ
where Ba0 is a partial that can slip away in the twin from the twin boundary on the BCD plane, and a0a
is a new type of stationary stair-rod dislocation across the twin boundary. The energy barrier of the
dislocation reaction described in Eq. (38) can be calculated as
DEEq38 � 2:7bE þ 4:1~E ð39Þ
This indicates that the energy barrier for the 30� partial, Ba, to transmit across the twin boundary is
energetically plausible under appropriate applied stress.

It can be seen from Fig. 44 that a0a is an edge dislocation with its Burgers vector perpendicular to
both the dislocation line BC and the twin boundary (1 1 1). The dislocation configuration after the
reaction is illustrated in Fig. 46, which shows two stacking faults from both sides of the twin boundary
meeting at the twin boundary and connected by the stair-rod dislocation a0a.

7.3. Reaction of a 90� partial at twin boundary [285]

The cross-slip of 90� partials at the coherent twin boundary has been described in Section 5.3.5, and
therefore won’t be discussed here. The energy barrier for the cross-slip of the 90� partials is zero [285].

Below we will describe the transmission of 90� partial across the twin boundary. As shown in
Fig. 44, the 90� partial Da can dissociate as
Da! Ddþ da ð40Þ
The double Thompson tetrahedron indicates that the Burgers vector Dd is identical to the dD0 in the
twin, i.e. Dd = dD0, which can dissociate into a 90� partial a0D0 and a stair-rod dislocation da0, i.e.
Dd ¼ dD0 ! da0 þ a0D0 ð41Þ
Substituting Eq. (41) into Eq. (40) yields:
Da! daþ da0 þ a0D0 ð42Þ
There are two stair-rod dislocations in Eq. (42). Both of them stay at the twin boundary and could
react to form a dislocation structure with lower energy. With the help of the double Thompson tetra-
hedron, the stair-rod reactions can be described below
. The dislocation configuration after the partial Ba penetrates the twin boundary to release another partial Ba0 on the
ane inside the twin, leaving a stair-rod dislocation a0a on the twin boundary [285].
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daþ da0 ! 4
9

Ad ð43Þ
Substituting Eq. (43) into the Eq. (42) yields
Da! 4
9

Adþ a0D0 ð44Þ
According to Eq. (44), a partial a0D0 will be emitted from the twin boundary to slip on the BCD0

plane. The partial Da can also transmit across the twin boundary to emit a partial on the ACD0 plane
or BAD0 plane [285]:
Da! 2
9

dCþ b0D0 ð45Þ
and
Da! 2
9

dBþ c0D0 ð46Þ
The energy barrier for reaction in Eq. (44) is
DEEq44 ¼ 0:6bE þ 1:4~E ð47Þ
The energy barriers for the reactions in Eqs. (45) and (46) are
DEEqs45;46 ¼ 0:1bE þ 0:2~E ð48Þ
Therefore, the energy barriers for dislocation reactions in Eqs. (44)–(46) are very low, which make
it easy for the 90� partial Da to transmit across the twin boundary to emit another 90� partial in the
twin.

7.4. Reaction of a perfect screw dislocation at twin boundary

Assume that a perfect screw dislocation BC glides on the BCD plane toward the twin boundary (see
Fig. 44.) It could dissociate into two 30� partials with a stacking fault in between, i.e.
BC! Baþ aC ð49Þ
When this dissociated BC reaches the twin boundary, it could constrict to form a perfect dislocation
again. Since BC is parallel to the dislocation line, it can either cross-slip into the ABC plane on the twin
boundary, or onto the BCD0 plane in the twin, depending on the orientation of the applied stress.
Therefore, a screw dislocation can easily cross-slip on the twin boundary or transmit across the twin
boundary.

If the stacking fault energy is very low, a scenario could occur where the leading partial cross-slips
into the ABC plane while the trailing partial remains on the BCD plane, with a stair-rod dislocation at
the twin boundary linking the stacking fault with the twin boundary.

7.5. Reaction of a perfect 60� dislocation at twin boundary

Assume that a perfect 60� dislocation BD glides on the BCD plane toward the twin boundary (see
Fig. 44). It could dissociate into a 30� partial Ba and a 90� partial aD with a stacking fault between
them, i.e. BD ? Ba + aD. Partials Ba and aD with a stacking fault ribbon between them glide together
toward the twin boundary under applied stress. There are several plausible scenarios that could occur
at the twin boundary, these are described below.

7.5.1. Partials first constrict to form a perfect 60� dislocation
The first scenario is where the partials are constricted to form the perfect dislocation BD first. Such

a scenario can happen easily when the stacking fault energy is relatively high and the distance of the
leading and trailing partials is small. It can be seen from the double Thompson tetrahedron (Fig. 44)
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that BD has a 60� angle with the dislocation line BC. The dislocation reaction for BD to cross-slip onto
the ABC plane is BD ? BC + CD. The energy barrier for such a reaction is 6bE, which is so high that such
a cross-slip is almost impossible [285].

The perfect 60� dislocation BD can also transmit across the twin boundary to emit a perfect dislo-
cation in the twin. The following analysis yields possible dislocation reactions. First, BD can dissociate
according to
BD! Bdþ dD ð50Þ
where dD is equivalent to D0d, which can further react to emit perfect dislocations in the twin accord-
ing to
dD ¼ D0d! D0Bþ Bd ð51Þ

dD ¼ D0d! D0Aþ Ad ð52Þ

dD ¼ D0d! D0Cþ Cd ð53Þ
Substituting Eqs. (51)–(53) into Eq. (50), and also considering Bd + Ad = dC, and Bd + Cd = dA, we have
BD! 2Bdþ D0B ð54Þ

BD! dCþ D0A ð55Þ

BD! dAþ D0C ð56Þ
The energy barrier is �4.5bE for the dislocation reaction in Eq. (54), and 3bE in Eqs. (55) and (56).
In reactions described by Eqs. (55) and (56), one partial will glide on the twin plane, which will

grow or shrink the twin by one atomic plane and leave behind a step on the twin boundary depending
on the gliding direction. At the same time a perfect 60� dislocation is emitted in the twin, which will
also produce a step on the twin boundary. In comparison, the dislocation reaction in Eq. (54) will re-
lease two partials on the ABC plane to grow or shrink the twin by two atomic planes, which is why it
has higher energy barrier.

7.5.2. 30� leading partial reacts first at twin boundary
The 60� dislocation BD glides on the BCD plane toward the twin boundary. It can dissociate as

BD ? Ba + aD, with the 30� partial Ba as the leading partial. The leading partial Ba could either
cross-slip onto the twin boundary plane or transmit across the twin boundary. The reaction of the
leading partial is identical to what are described in Sections 7.1 and 7.2. The trailing partials can either
stay on the original slip plane in the matrix, cross-slip onto the twin boundary, or transmit across the
twin boundary. We will discuss these scenarios below.

The first scenario is the cross-slip of leading 30� partial Ba onto the twin boundary plane, while the
trailing 90� partial aD remains on the BCD plane, forming a dislocation structure with a stair-rod dis-
location, as shown in Fig. 47a. Such a dislocation structure has been observed both experimentally and
by MD simulations [46,47,77]. It has been assumed very effective in blocking other dislocations and
consequently causes strain hardening [77].

As shown in Fig. 47a, under high applied stress, the trailing partial aD may be driven to the twin
boundary to react with the stair-rod dislocation da:
daþ aD! dD ð57Þ
From the double Thompson tetrahedron, dD is equivalent to D0d. The latter can dissociate as D0d ?
D0a0 + a0d. Therefore, Eq. (57) can be rewritten as
daþ aD! D0a0 þ a0d ð58Þ
The energy barrier for this reaction is 0. This scenario is schematically illustrated in Fig. 47b.



Fig. 47. Reaction of dissociated 60� dislocation BD with a 30� leading partial at the twin boundary. (a) The leading partial cross-
slips onto the ABC twin boundary, leaving behind a stair-rod dislocation and the 90� trailing partial still on the original BCD slip
plane. (b) After the trailing partial aD reacts with the stair-rod dislocation da and transmit across the twin boundary. (c) The
stair-rod dislocation dissociates according to da ? dB + Ba to reduce the twin by one atomic layer [285].

48 Y.T. Zhu et al. / Progress in Materials Science 57 (2012) 1–62
The second scenario is for the leading 30� partial Ba to transmit across the twin boundary. As dis-
cussed in Section 7.2, the 30� partial Ba may transmit across the twin boundary, leaving behind a large
stair rod dislocation aa0. If the trailing partial aD remains on the BCD plane, it will have a unique dis-
location configuration where a stacking fault links the aa0 with partial Ba0, and another stacking fault
links the aa0 with the trailing partial aD, as sown in Fig. 48a. The trailing partial aD can also cross-slip
onto the twin boundary plane, becoming a partial dA to slip to the left to increase the twin by one
atomic plane, as shown in Fig. 48b.

The third scenario is for the stair-rode dislocation da in Fig. 47a to further dissociate into two par-
tial dislocations, da ? dB + Ba, where the partial dB glides on the twin boundary to the opposite direc-
tion of Bd to reduce the twin thickness by one atomic plane, as illustrated in Fig. 47c. Such a process
can be repeated to reduce the twin, as described in Section 7.1. The energy barrier for such a reaction is
about 3.5bE, making it relatively difficult.

The trailing 90� partial aD can also react with the stair-rod aaand transmit across the twin bound-
ary [285]. However, the dislocation reactions have very high energy barriers, and are not likely to oc-
cur [285]. Therefore, the transmission of the trailing 90� partial will not be discussed in detail here.
7.5.3. 90� leading partial reacts first at twin boundary
If the 90� partial aD is the leading partial, aD could either cross-slip onto the twin boundary plane

or transmit across the twin boundary. The first scenario is for the 90� leading partial to cross-slip onto
the twin boundary plane ABC, as described in Section 7.3. The trailing partial Ba can also cross-slip
onto the twin boundary to form Bd on the ABC plane, following the procedure described in Section
7.1, leaving behind a stair-rod dislocation da. Bd and dA can glide together on the twin boundary with
a stacking fault between them. On the other hand, the trailing 30� partial Ba can also transmit across
the twin boundary to emit a parital Ba0 in the twin, as described in Section 7.2. This leaves behind a
stair-rod a0a at the twin boundary.
Fig. 48. (a) Dislocation configuration after the leading 30� partial Ba transmits across twin boundary and the trailing 90� partial
aD remains on the BCD plane. (b) After the trailing partial aD cross-slips into the ABC plane to grow the twin by one atomic
plane [285].
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The second scenario is for the leading partial aD to transmit across the twin boundary, as described
in Section 7.3. The 90� partial aD can transmit across the twin boundary after one of the following
reactions:
aD! adþ a0dþ D0a0 ð59Þ

aD! adþ b0dþ D0b0 ð60Þ
and
aD! adþ c0dþ D0c0 ð61Þ
where the partial dislocations D0a0, D0b0, or D0c0 will glide away in the twin, leaving behind two stair
rod dislocations at the twin boundary. When the trailing 30� partial Ba reaches the twin boundary, it
can react with stair-rod dislocation, i.e.
Baþ ad! Bd ð62Þ
This reaction is energetically favorable with an energy reduction of �bE. The Bd can glide on the ABC
plane, which either increase or reduce the twin thickness by one atomic plane, depending on its slip
direction.

The trailing partial Ba can also react with stair-rod dislocations (as shown in Eqs. (59)–(61)) at the
twin boundary to release a Shockley partial dislocation in the twin:
Baþ adþ a0d! Ba0 þ 2a0d ð63Þ

Baþ adþ b0d! Ba0 þ a0dþ b0d ð64Þ
and
Baþ adþ c0d! Ba0 þ a0dþ c0d ð65Þ
A first inspection suggests that the energy barrier should be zero for the reactions in Eqs. (63)–(65)
because the number of partial dislocations and stair-rod dislocations does not change. However, the
reacting stair-rod dislocation pairs on the left can combine to form a dislocation with lower energy,
while the stair-rod dislocation pairs on the right form a dislocation with higher energy when they
combine together [285]. This energy differences can be regarded as the energy barrier, which are
about 3.4bE for Eq. (63) and 2.8bE for Eqs. (64) and (65). Therefore, the energy barrier for the trailing
partial to transmit across the twin boundary is relatively high.

8. Effect of twinning on properties

The interaction between the twin boundary and dislocations will inevitably affect the mechanical
and physical properties. The existence of twin boundaries significantly increases the dislocation stor-
age capability in materials, and twin structure may also affect physical properties. These are discussed
in the following sections. Since deformation twins and growth twins should have similar effect on the
properties, no differentiation is made between them in the following discussion.

8.1. Strain rate sensitivity

Strain rate sensitivity (SRS) m is defined as m ¼ @ lnr
r@ ln _e

��
e;T , where r is the flow stress and _e is the strain

rate [287]. By defining the activation volume, which is the rate of decrease of the activation enthalpy
with respect to flow stress at a fixed temperature, m� ¼

ffiffiffi
3
p

kT @ ln _e
@ lnr

	 

, where k is the Boltzmann constant

and T is the absolute temperature, SRS can be re-written as m ¼
ffiffi
3
p

kT
rm� [287,288]. Experimental results

have shown that nc materials are highly sensitive to strain rates and that the SRS of nominally defect-
free nc Cu and Ni are several times higher than that of their coarse-grained counterparts [289–291].
The activation volume of nc materials is about two order of magnitude smaller than that of conven-
tional coarse-grained materials [288].
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Tensile strain rate jump tests of UFG copper with and without nanoscale twins over a wide range of
strain rates indicated that twinned structures significantly increase the strain rate sensitivity [195].
Fig. 49 shows that increasing strain rate reduces moderately the SRS of twinned samples, while the
SRS of the untwinned sample is independent of the strain rate. The SRS of nano-twinned Cu sample
with a small twin boundary spacing of 15 nm is significantly higher than that of the nano-twinned
Cu sample with a larger twin boundary spacing of 100 nm, while the SRS of the untwinned sample
is the lowest among the three samples.

Lu et al. [292] carried out a series of systematic experiments of depth-sensing instrumented inden-
tation with varying loading rates by three orders of magnitude, demonstrating that increasing the
density of growth twins in UFG pure Cu leads to a significant increase in the strain rate-sensitivity.
Fig. 50 shows nanoindentation hardness plotted as a function of loading rate for UFG Cu with different
twin densities. By assuming indentation hardness and loading rate are equivalent to stress and strain
rate, respectively, the SRS m for the three materials are calculated using the relationship of r / _em. The
results indicate that the SRS m for Cu with a lower twin density (average twin boundary spacing
�90 nm) and with a higher twin density (twin boundary spacing �20 nm) is 0.025 ± 0.009 and
0.036 ± 0.009, while the SRS for UFG Cu without twin, evaluated from tension tests instead of inden-
tation because of the large scatter in the indentation response, is only 0.005 ± 0.001. TEM microstruc-
tural investigation suggested that deformation-induced displacement of coherent twin boundaries
(CTBs), formation of steps and jogs along CTBs, and blockage of dislocations at CTBs significantly
Fig. 50. The hardness as a function of loading for UFG coppers with no twin, twin boundary spacing is 90 nm, and twin
boundary spacing is 20 nm [292].

Fig. 49. The strain rate sensitivity as a function of (a) strain rate and (b) grain size for UFG coppers with no twin, twin boundary
spacing is 100 ± 15 nm, and twin boundary spacing is 15 ± 7 nm [195].
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influence the evolution of thermal activation volume for plastic flow, which is some three orders of
magnitude smaller than that known for microcrystalline Cu.

Lu et al. [293] summarized the experimental results on the effect of twin lamellar thickness d (or k)
on the strain rate sensitivity m of nano-twinned copper, as shown in Fig. 51. They reported that m can
be one order of magnitude higher than conventional coarse-grained materials when k is reduced down
to about 15 nm. For comparison purpose, the m values of nanocrystalline copper, with grain size d
replacing twin lamellar thickness k, are also plotted in the figure. It is very clear that the dependence
of m on k and d are very similar.

Asaro and Suresh [29] proposed that the rate-controlling mechanism for nc materials is grain
boundary mediated dislocation activity, which is different from the bulk dislocation–dislocation inter-
action (forest hardening) in coarse-grained materials [294]. They developed mechanism-based models
that rationalize the distinct deformation characteristics of fcc metals with grain size and twin dimen-
sions in the nanometer regime. They developed estimates of flow stress as a function of strain rate and
activation volume by exploring the roles of crystal stacking energies, such as the intrinsic stacking
fault and the unstable stacking fault energy, in the process of initiating deformation via the emission
of either partial dislocations or perfect dislocations from the grain or twin boundaries of nc FCC met-
als. Results obtained from their models are consistent with available experimental data on activation
volumes and rate sensitivity in both a quantitative and qualitative manner.
8.2. Strain hardening rate

For coarse-grained materials, twinning has been known to contribute significantly to plastic defor-
mation in materials with low SFE [295,296]. Higher rates of strain hardening have been reported in
low SFE alloys due to deformation twinning that acts as strong barriers to dislocation motion, which
consequently resulted in higher tensile ductility [297–302]. Through the analysis of the barriers to slip
caused by twinning in an fcc crystal, Mahajan and Chin [74] predicted that the strain-hardening rate
should be increased by the formation of twins. The prediction was supported by experimental results
on polycrystalline coarse-grained FCC 70/30 brass and MP35 N with low stacking fault energies
[81,303]. Ma et al. reported that the strain hardening rate of nano-twinned copper is much higher than
that of UFG Cu [304].

Chen and Lu [305] measured the strain hardening rates of four UFG Cu samples – nt-Cu-20 with
twin spacing of �20 ± 4 nm (nt = nanotwin), nt-Cu-36 with twin spacing of �36 ± 7 nm, nt-Cu-90 with
twin spacing of 90 ± 26 nm, and UFG-Cu without twin, using uniaxial tensile tests. Fig. 52 shows strain
hardening rates plotted against the true strain for the four samples. As shown, the strain-hardening
rate is achieved in nt-Cu-20 at stresses that is higher than that of the other three samples. The highest
strain-hardening rate is also seen in nt-Cu-20 over a range of strains. Comparison of the values of the
strain hardening rates obtained from the three nt-Cu specimens leads to the conclusion that introduc-
ing nanoscale twins into UFG grains enhances strain hardening rate significantly.
Fig. 51. The effect of the twin lamellar thickness d (or k) on the strain rate sensitivity m [283].



Fig. 52. The strain hardening rates of four copper samples measured by tensile tests: nano twinned sample with a twin spacing
of 20 nm (nt-20 nm), nano twinned sample with a twin spacing of 36 nm (nt-36 nm), nano twinned sample with a twin spacing
of 90 nm (nt-90 nm), and UFG sample without twin [305].
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8.3. Strength and ductility

It has been well accepted that twin boundaries are equivalent to conventional grain boundaries
with respect to the H–P effect [306–312], i.e., the same H–P slope for both twin boundaries and grain
boundaries [290], because twin boundaries are strong barriers for dislocation motion [310–313]. Sig-
nificant enhancement of tensile strength in copper [40,314] and hardness in fcc c phase 330 stainless
steel thin films [315] as well as fcc Cu/330 stainless steel multilayer films [316,317] was achieved by
nano twins. Growth twins in Copper [291] and Nickel [195] and deformation twins in steel [292] with
twin boundary spacing of tens to hundreds of nanometers show H–P behavior.

Nano-twinned FCC 330 stainless steel [294] with an average columnar grain size of �30 nm and an
average twin spacing of �4 nm is observed to have a hardness of �6.5 GPa, while the hardness of bulk
conventional 330 SS is only �200 MPa. However, the hardness value cannot be explained using the H–
P relationship extrapolated from data of other similar steels [294]. This phenomenon is explained as
that, instead of dislocation pile-ups at twin boundaries, materials with this extremely fine twin spac-
ing are strengthened via single dislocations transmission across twin boundaries, in which the twin
boundaries act as strong barriers for the transmission of dislocations. The mechanism has also been
used to explain the observed phenomena that in FCC Cu/330 stainless steel multilayer films with high
densities of twins in the nano Cu and 330 SS layers, the increase of hardness with decreasing layer
thickness follows the Hall–Petch law for layer thickness greater than about 50 nm, but at lower layer
thickness the hardness saturates to a value of about 5 GPa [296].

Lu et al. [41] reported that reducing the thickness of twins down to 15 nm in nano-twinned (nt) Cu
samples resulted in continuous increase in strength. However, further reducing the thickness resulted
in softening accompanied by enhanced strain hardening and tensile ductility, i.e., the maximum
strength of nt-Cu samples exists at a twin thickness of 15 nm (see Fig. 53). They suggested that the
strongest twin thickness originates from a transition in the yielding mechanism from the slip transfer
across twin boundaries to the activity of preexisting easy dislocation sources. Curves for a twin-free
UFG-Cu with a mean grain size of 500 nm and for a coarse-grained-Cu with a mean grain size of
10 mm are included for the comparison purpose.

The maximum strength observed by Lu et al. [41] is consistent with an MD simulation [50],
and was further investigated using large-scale MD simulations and a kinetic theory of dislocation
nucleation by Li et al. [318]. They proposed a dislocation–nucleation-controlled mechanism in



Fig. 53. Tensile true stress–strain curves of nano twinned copper tested at a strain rate of 6 � 10�2 s�1 [41].
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nano-twinned metals, in which there are plenty of dislocation nucleation sites but dislocation motion
is not confined. They showed that dislocation nucleation governs the strength of such materials,
resulting in the softening of the materials below a critical twin thickness. They found that there exists
a transition in deformation mechanism, occurring at a critical twin-boundary spacing for which
strength is maximized. At this point, the classical Hall–Petch type of strengthening due to dislocation
pile-up and cutting through twin planes switches to a dislocation–nucleation-controlled softening
mechanism with twin-boundary migration resulting from nucleation and motion of partial dislocations
parallel to the twin planes.

Deformation twins produced by plastic deformation can also significantly improve the strength and
ductility of nanostructured materials [51,153,221,319,320]. It has been reported that lowering SFE can
simultaneously increase the strength and ductility of nanostructured materials [51]. Zhao et al. pro-
duced nanostructured Cu, Cu–10 wt.% Zn, and Cu–30 wt.% Zn alloys using HPT to study their mechan-
ical properties. Their stacking fault energies decrease with increasing Zn content and are 41 mJ/m2,
22 mJ/m2, and 7 mJ/m2, respectively [221,321]. TEM and X-ray analysis revealed that as the stacking
fault energy decreased from 41 mJ/m2 to 7 mJ/m2, the grain size decreased from 180 nm to 10 nm, the
dislocation density increased from 0.23 � 1015 m�2 to 3.10 � 1015 m�2, and twin density, defined as
the probability of finding a twin boundary between any two adjacent {1 1 1} planes, increased from
0.1% to 8.0% [221].

Fig. 54 shows the engineering stress–strain curves of the three samples. As shown, the strength in-
creases monotonically with decreasing stacking fault energy. However, the ductility first increases
(the Cu–10 wt.% Zn sample) and then decreases, indicating an optimum stacking fault energy for
the best ductility. X-ray analysis revealed that the Cu–10 wt.% Zn sample has the best capability to
accumulate dislocations, twins and stacking faults, and therefore has the highest hardening capability
during the tensile testing. On the other hand, the Cu–30 wt.% Zn sample has the highest densities of
twins and dislocations, which are already saturated before the tensile testing, making it impossible
to further accumulate these crystalline defects during the tensile testing. This leads to very low strain
hardening rate and consequently low ductility. It will be interesting to see if a controlled annealing of
the sample could reduce the initial defect density and recover the strain hardening.

Note that the strength increase shown in Fig. 54 is partially caused by the solution hardening of the
Zn solute. To isolate the effect of stacking fault energy, Sun et al. recently investigated the Co–Ni alloy,
which has a systematic decrease in stacking fault energy with increasing Co content, but very little
solution hardening [319]. The results confirmed that lower stacking fault energy improves both



Fig. 54. The engineering stress–strain curves Cu, Cu–10 wt.% Zn, and Cu–30 wt.% Zn samples processed by HPT [221]. The gage
dimension is 0.15 mm � 2 mm � 10 mm.
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strength and ductility of NS materials. These data are very preliminary and further study is needed to
probe this issue, especially when the stacking fault energy is very low.

8.4. Fatigue

This has not been extensively studied. A study on the effect of cyclic deformation on multilayer Cu/
Cu samples with nanoscale twinning showed that (1) nano-twinned Cu is much more stable under
cyclic deformation than equiaxed nanocrystalline Cu and (2) the fatigue of nano-twinned Cu is im-
proved significantly over that of coarse-grained Cu [322]. However, although twin boundaries are
strong in resisting fatigue cracking, it is also observed that some fatigue cracks could propagate along
the twin boundary [323]. Another recent study found that detwinning happened during the cyclic
deformation of nanocrystalline NiFe [324].

8.5. Conductivity

It is desirable for conducting metals to have both high strength and high electrical conductivity for
many applications. However, many strengthening mechanisms including grain size refinement, cold
working and alloying produce crystalline imperfections that serve as the scattering centers for con-
duction electrons in metals and therefore lower the conductivity. On the other hand, coherent twin
boundaries, which are very effective in increasing strength, have an electron scattering coefficient that
is an order of magnitude lower than that of conventional high-angle grain boundaries. Indeed, Andero-
glu et al. reported that single-crystal-like nano-twinned copper films with average twin lamella thick-
ness of 7–16 nm produced by magnetron sputtering exhibited much higher ratio of conductivity to
strength as compared to nc columnar, textured, nano-twinned copper [325].

Lu et al. synthesized pure copper samples with a high density of nanoscale growth twins [40]. They
showed a tensile strength about 10 times higher than that of conventional coarse-grained copper,
while retaining an electrical conductivity comparable to that of pure copper. In comparison, the elec-
trical conductivity values of the nc Cu foil without twins were at least one order of magnitude lower.
The electrical resistivity can be described using the empirical Matthiessen’s Rule, qtotal = qt + qi + qd,
where qtotal is the total resistivity of a metal, qt, qi, and qd are the contributions from vibrations, impu-
rities, and lattice defects such as dislocations and grain boundaries, respectively. The difference in the
lattice dislocation density among the samples could be ignored, the major factor that contributes to
the difference in electrical resistivity should be grain boundaries and twin boundaries. It has been
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known that electrical resistivity of grain boundaries [326] and twin boundaries [327] in Cu at 295 K is
about 3.6 � 10�16 X m2 and about 1.7 � 10�17 X m2, respectively. Therefore, the contribution to elec-
trical conductivity from twin boundaries is much smaller than that from grain boundaries. This ex-
plains why the nano-twinned samples have conductivity that is close to that of the coarse-grained Cu.
9. Outstanding issues

There are still many outstanding issues for the materials community to solve. Most studies on
deformation twinning in nc metals have focused on the fcc systems, while very few studies have con-
cerned the nc bcc and hcp metals and alloys. Furthermore, the mechanisms for the formation of defor-
mation twins are not very well studied even for coarse-grained bcc and hcp metals and alloys.
Although the twinning mechanisms for coarse-grained and nc hcp metals are already under investi-
gation [159–161,163,166,170,241,273,277,328–333], it is not clear if the twinning phenomena and
mechanisms observed in nc fcc metals also occur in nc bcc and fcc systems. For example, it is un-
known if the grain size effect on deformation twinning observed in nc fcc metals also exists in nc
bcc and hcp metals. In fact, as discussed in Section 6.2, deformation twinning is rarely observed in
nc hcp systems. It will take significant efforts by researchers using both MD simulation and experi-
mental observations to establish the basic understanding of deformation twinning in nc bcc and
hcp metals and alloys.

Even for nc fcc metals and alloys, there are still issues that need further study. As discussed in Sec-
tion 5.8.5, to establish a comprehensive model to describe the twinning behavior of nc fcc metals, we
need to understand how the GPFEs affect the nucleation of first partials and twinning partials. Cur-
rently, it is not clear if the GPFE curves affect the nucleation of dislocations since non-equilibrium
grain boundaries existing in nc metals can also act as a dislocation source. More experimental studies
are needed to clarify this issue. In addition, the GPFEs may also affect the slip of the first and twinning
partials. Theoretical modeling is needed to develop a formula for calculating the Peierls stress for the
slip of these partials from the GPFEs.

Another outstanding issue is the grain size effect on the detwinning in nc metals and alloys.
Almost all studies so far have focused on the formation of deformation twins. There have been
recent studies on the detwinning process in nc materials also occurs in the nc fcc metals
[131,156,227,246,285,286,334,335]. However, issues that are of interest for future studies include:
(a) more experimental observations on the de-twinning process to compare with the proposed mech-
anisms [285,335], (b) the grain size effect of de-twinning, and (c) the existence of an equilibrium twin
density and thickness.
10. Implications of deformation twinning within materials science

The discovery of new mechanisms for the formation of deformation twins in nc fcc metals has sig-
nificantly extended our understanding of the deformation physics of metals and alloys as well as the
role of grain boundaries in the deformation of fcc metals. It gives us a more complete picture on how
the deformation mechanisms change with grain size [3]. As the grains of an fcc metal become smaller,
dislocation sources that are active in coarse-grains, such as the Frank-Reed dislocation source, become
inactive or more and more marginalized. Concurrently, grain boundary-mediated deformation mech-
anisms become active and eventually dominant [336]. In grain size range of a few tens to above
100 nm, grain boundaries become the source and sink of dislocations. Particularly, the emission of par-
tial dislocations from grain boundaries becomes significant in nc fcc metals, even in systems with
medium to high stacking fault energies. This leads to the formation stacking faults and deformation
twins, which also shows grain size dependence. When the grain sizes decrease further, grain rotation
and grain boundary sliding becomes dominant, which may also be assisted by diffusion and disloca-
tion activities.

The new deformation mechanisms and deformation twinning discussed in this paper also provide
fundamental physics for materials scientists to model the mechanical behavior of nc materials. For
example, the strength of nc materials have been observed to deviate from the Hall–Petch relationship,
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and even exhibit an inverse Hall–Petch relationship in some cases. Numerous analytical models and
computational simulations have been carried out to describe and investigate this phenomenon
[336–355]. The analytical Hall–Petch models are based on various assumptions and all of them can
qualitatively describe the inverse grain size effect on strength. This makes it difficult to judge which
models are physically better and more valuable. Any valuable analytical model or computer simula-
tion on the mechanical properties must be based on real deformation physics. It is hoped that the
deformation physics and deformation twinning of nc materials discussed in this review will be useful
for future modeling of mechanical properties.

The deformation twinning also provides an effective approach for simultaneously improve the
strength and ductility of nc materials, as discussed in Section 8.3. Due to the lack of dislocation accu-
mulation in the interior of grains, nc materials usually have low tensile ductility. The twins could act
as the barrier to dislocation slip and to enable dislocation accumulation, which increases both the
strength and ductility. However, the effect of twins and deformation twinning on many other mechan-
ical and physical properties needs to be further studied.
11. Summary and concluding remarks

In summary, nanocrystalline fcc metals deform by twinning more readily than their coarse-grained
counterparts. Deformation twins in nanocrystalline fcc metals are largely formed by the emissions of
Shockley partial dislocations from grain boundaries of nano-sized grains. In other words, the grain
boundary acts as the source of partial dislocations in most cases. Another important source for partial
dislocations is the dislocation reactions at the twin boundaries, which is the primary mechanism for
the formation of multiple twins. Non-equilibrium grain boundaries play an important role in the
deformation twinning because they may provide ready partials for the nucleation of stacking faults
and twins. The partials emitted from grain boundaries may not have the same Burgers vector, which
leads to twins with reduced or even zero shape change in the twinned grain. This is in sharp contrast
to twins formed by mechanisms in coarse-grained metals, which have the same Burgers vector.

Both grain size and generalized stacking fault energy influences the formation of deformation twins
in nanocrystalline fcc metals. There is an optimum grain size in nanocrystalline fcc metals at which the
twinning is easiest, and this optimum grain size can be estimated from an analytical equation. Factors
that affect the optimum grain size for twinning include the stacking fault energy and the shear mod-
ulus. When grains are smaller than the optimized grain size for twinning, an inverse grain size effect
exists, where the twinning becomes more difficult with decreasing grain size. However, no inverse
grain size effect on stacking fault formation exists. This difference is explained by the generalized pla-
nar fault energy effect, where the unstable twin fault energy is higher than unstable stacking fault en-
ergy. Therefore, both grain size effect and the generalized planar fault energy effect need to be
considered in an analytical model to describe more accurately the twinning mechanisms in nanocrys-
talline fcc metals. Such a model is yet to be developed.

Deformation twinning and dislocation slip usually occur simultaneously during the deformation of
nanocrystalline metals. The interactions of the dislocations with twins are very complex and the pro-
posed interactions need to be further verified experimentally. Twin boundaries are effective barriers to
dislocation slip, and consequently twins can increase the strength of nanocrystalline and nanostruc-
tured materials. Twins are also found to increase the strain hardening rate and the strain rate sensi-
tivity, which leads to increase in ductility. Therefore, twinning is a mechanism that can
simultaneously increase the strength and ductility. In the design of new nanocrystalline alloys for high
strength, ductility and toughness, stacking fault energy can be adjusted by alloying to promote defor-
mation winning.
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