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We report a detailed study of the strain hardening behavior of a Fee16Mne10Ale0.86Ce5Ni (weight
percent) high specific strength (i.e. yield strength-to-mass density ratio) steel (HSSS) during uniaxial
tensile deformation. The dual-phase (g-austenite and B2 intermetallic compound) HSSS possesses high
yield strength of 1.2e1.4 GPa and uniform elongation of 18e34%. The tensile deformation of the HSSS
exhibits an initial yield-peak, followed by a transient characterized by an up-turn of the strain hardening
rate. Using synchrotron based high-energy in situ X-ray diffraction, the evolution of lattice strains in both
the g and B2 phases was monitored, which has disclosed an explicit elasto-plastic transition through load
transfer and strain partitioning between the two phases followed by co-deformation. The unloading-
reloading tests revealed the Bauschinger effect: during unloading yield in g occurs even when the
applied load is still in tension. The extraordinary strain hardening rate can be attributed to the high back
stresses that arise from the strain incompatibility caused by the microstructural heterogeneity in the
HSSS.

© 2016 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
1. Introduction

Steels are the strongest ductile bulk materials currently avail-
able [1e7]. High-strength and high-ductility steels are needed in
various industrial sectors such as automobiles, aviation, aerospace,
power, transport, and building construction. Such steels have been
developed based on several design principles; typical categories
include the transformation-induced plasticity (TRIP) steels [8,9],
twinning-induced plasticity (TWIP) steels [10,11], dual-phase (DP)
steels [12,13], nano-structured steels [14,15], and even hypereu-
tectoid steel wires with ultrahigh (6.35 GPa) tensile strength [16].

Recently, the high-aluminum low-density steels have been
actively studied for the purpose of increasing the specific strength
(i.e. yield strength-to-mass density ratio) [4,5,17e27]. These low-
density steels, mainly based on an FeeAleMneC alloy system
containing high contents of Mn (16e28 wt.%), Al (3e12 wt.%) and C
(0.7e1.2 wt.%), consist of face-centered cubic (fcc) austenite matrix
and body-centered cubic (bcc) ferrite matrix and finely dispersed
nanometer-sized k-carbides of (Fe,Mn)3AlC type (the so-called
lsevier Ltd. All rights reserved.
TRIPLEX steel) [18,19]. Recently, Kim et al. [27] showed a new
variation: their Fee16Mne10Ale0.86Ce5Ni high specific strength
steel (HSSS) has a hard FeAl-type (B2) intermetallic compound as
the strengthening second phase, and the alloying of Ni catalyzes the
precipitation of B2 particles in the fcc matrix. The combination of
specific strength and elongation is outstanding for this HSSS, when
compared with other high-specific-strength alloys [27].

In developing various high strength steels aforementioned, a
primary issue is the strain hardening capability. Strain hardening is
a prerequisite for large uniform tensile ductility. However, the
mechanism of strain hardening remains an open issue for most
high strength steels [5,22,27], because they deform very hetero-
geneously due to their inhomogeneous microstructures. Even for
an initial single-phase alloy, for instance TWIP and TRIP steels,
deformation twins and martensite formation make the strain
hardening behavior complex [20,22]. Bhadeshia [28] pointed out
that in TRIP steels it is unlikely that the large tensile elongation is
predominantly caused by the transformation from austenite into
martensite alone. The martensite colonies act as strong inclusions,
akin to reinforcing components in a composite, and should have
also played a role in strain hardening [29,30]. A similar conclusion
has been reached for TWIP steels where the twinning strain itself
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makes a significant though small contribution to the total elonga-
tion [31].

Indeed, plastic deformation in most high strength steels, much
like in composites, is characterized by pronounced plastic hetero-
geneity between the constituent phases, as well as among grains
with different orientations and mechanical responses towards an
externally applied load. This causes complex internal stresses,
which develop because of intra- and inter-granular variations of
plastic strain. The load redistribution and strain partitioning
resulting from the microstructural heterogeneity enable a high
capacity of strain hardening, affecting the large ductility. The high
internal stresses have in fact been reported to contribute to strain
hardening and large ductility in TRIP steels [32], TWIP steels
[33e35], nano-composites [36,37], and dual-phase alloys [38,39].

The development of internal stresses during deformation of an
inhomogeneous microstructure with yield stress mismatch has
been well described before [13,40,41]: upon tensile loading, plastic
yield starts in the soft phase, and the applied load will be trans-
ferred from the soft phase to the hard one that is still in elastic state.
Thus, internal stresses will build up at the phase interfaces. Upon
unloading, the macroscopic stress remains higher than the stress in
the soft phase until it reaches the unloaded state, where the soft
phase is subjected to an (elastic) compression stress (a tensile stress
in the hard phase) [42,43]. If the two-phase alloy is subsequently
subjected to compressive loading, it initially behaves elastically
until the soft phase enters the plastic regime in compression, a
situation that will take place at a much lower absolute stress
compared to the tensile loading case because of the initial
compression of the soft phase. A consequence is an asymmetry in
the forward (tensile) and reverse (compressive) yield stresses. Such
a phenomenon is known as the Bauschinger effect [35,38,44].
Recently, the use of diffraction techniques has supplanted this
macroscopic description of internal stresses by the measurements
of lattice strains in individual phases [45,46]. The unload-reload
tests [36,38,47] are also used for the study of internal stresses in
thin films or composite wires where compression cannot be
applied.

In this paper, we analyze the strain hardening in the
Fee16Mne10Ale0.86Ce5Ni HSSS composed of a g-austenite ma-
trix containing the B2 FeAl second phase. Based on in situ high
energy X-ray diffraction data, the lattice strain evolution in both
phases has been monitored and then used to correlate with the
mechanical responses such as the stress and strain partitioning, the
elasto-plastic transition and co-deformation, and the back-stress-
induced strain hardening. Different from Kim et al. [27], who
treated this HSSS as a case of precipitation strengthening with
brittle and non-deformable B2 FeAl, here we show that this steel is
better understood as a dual-phase microstructure, with plastic
behavior much like a composite. In particular, the B2 phase is
deformable, with significant strain hardening capability.

2. Materials and experimental procedures

2.1. Materials

Similar to the procedures in Ref. [27], an
Fee16Mne10Ale0.86Ce5Ni (wt.%) HSSS was produced using arc
melting in a high frequency induction furnace under pure argon
atmosphere, and then cast to a cylindrical ingot with a diameter of
130 mm and length of 200 mm. The actual chemical composition of
the ingot was determined to be
Fee16.4Mne9.9Ale0.86Ce4.8Nie0.008Pe0.004S (wt.%). The ingot
was homogenized at 1180 �C for 2 h, hot forged in between 1150 �C
and 900 �C into slabs with a thickness of 14 mm, and hot-rolled
with a starting temperature of 1050 �C into strips with a
thickness 7.3 mm. The hot-rolled striped were finally cold rolled to
sheets with the final thickness of 1.5 mm. No cracks were detected
on the surfaces of the cold-rolled sheets. The final annealing of the
cold-rolled sheets was conducted at 900 �C for 2e15 min followed
immediately by water quenched.

2.2. Mechanical property tests

The dog-bone-shaped plate tensile specimens, with a gage
length of 18 mm and width of 4 mm, were cut from the annealed
sheets with longitudinal axes parallel to the rolling direction. All
specimens were mechanically polished prior to tensile tests in or-
der to remove surface irregularities and to guarantee an accurate
determination of the cross-sectional area. The quasi-static, uniaxial
tensile tests were carried out using an MTS Landmark testing ma-
chine operating at a strain rate of 5� 10�4 s�1 at room temperature.
The tensile load-unload-reload (LUR) tests were conducted. The
condition for LUR tests was the same as that of monotonic tensile
test. All tensile tests were conducted using a 10 mm gage extensor-
meter to monitor the strain. The resolutions for stress and strain
measurements were 1.0 � 10�2 MPa and 1.0 � 10�5, respectively.
Vickers micro-hardness indentations (25 g load) were made at the
ends of the gage section to check the error in strain measurements
bymeans of an optical travelingmicroscope. The tensile testing was
performed five times on average for each condition to verify the
reproducibility of the monotonic and cyclic tensile stress-strain
curves.

2.3. Synchrotron based high energy X-ray diffraction

In-situ high energy X-ray diffraction measurements were car-
ried out on the beam-line 11-ID-C, at the Advanced Photon Source
(APS), Argonne National Laboratory, USA. The experimental set-up
was detailed in Ref. [46]. Dimensions of the tensile specimen in the
gage part were 10 mm (length) � 3 mm (width) � 0.5 mm (thick-
ness). During tensile loading, a monochromatic X-ray beam with
energy 105.1 keV (l ¼ 0.11798 Å) and beam size of 500 mm
(height)� 500 mm (width) was used. A 2-D detector was placed 2m
behind the tensile sample to record the scattering intensity. Crys-
tallographic planes were determined from the diffraction patterns
and the lattice strains were calculated from the change of the
measured inter-planar spacing. The in situ tensile testing of three
times was performed to verify the reproducibility.

2.4. Microstructural characterization

Optical microscopy (OM, Olympus BX51) and scanning electron
microscopy (SEM, JSM-7001F) were used to characterize the
microstructure of the HSSS before and after tensile tests. The major
andminor axis lengths of the g grains, and lamellar and granular B2
grains were measured by the linear intercept method following the
procedures given in ASTM E1382, and at least 600 target objects
were measured for each corresponding statistical distribution.

A transmission electron microscope (TEM, JEM-2100) and a
high-spatial resolution analytical electron microscope (HRTEM, FEI
Tecnai G20) both operated at 200 kV were used for examinations of
the typical microstructural features in g and B2 grains. Thin foils for
TEM observations were cut from the gage sections of tensile sam-
ples, mechanically ground to about 50 mm thick and finally thinned
by a twin-jet polishing facility using a solution of 5% perchloric acid
and 95% ethanol at �20 �C.

In addition, the microstructural features of B2 precipitates were
also examined by electron back-scattered diffraction (EBSD) using a
high-resolution field emission Cambridge S-360 SEM equipped
with a fully automatic Oxford Instruments Aztec 2.0 EBSD system
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(Channel 5 Software). During the EBSD acquisition, a scanning area
of 10 � 14 mm2 was chosen and a scanning step of 0.03e0.08 mm
was performed. Due to spatial resolution of the EBSD system, the
collected Kikuchi patterns can be obtained automatically at a
minimum step of 0.02 mmand correspondinglymisorientations less
than 2� cannot be identified. The longitudinal sections of samples
for EBSD examinations were mechanically polished carefully fol-
lowed by electro-polishing using an electrolyte of 90 vol.% acetic
acid and 10 vol.% perchloric acid with a voltage of 40e45 V at
about �40 �C in a Struers LectroPol-5 facility.
3. Experimental results

3.1. Microstructural characterization

Fig. 1a is an optical microscope image of the longitudinal section
of the hot forged sample. Two phases are visible. One is the equi-
axed grains of recrystallized fcc g-austenite, while the other is
the thick lamellar B2 phase parallel to the rolling direction. After
cold rolling with a rolling strain of 80%, the g grains change from
granular to elongated shape, as shown in Fig. 1b. The B2 phase
exhibits a much reduced thickness, indicative of its capability for
plastic deformation. After annealing at 900 �C for 2 min, as shown
in Fig. 1c, a large number of granular B2 phase precipitates from g.
Fig. 1d shows the high resolution electron back-scattered diffrac-
tion (EBSD) image. It is seen that B2 is much inclined to precipitate
at both the grain boundaries and triple junctions of g grains, instead
of their interiors. This is further evidenced by an enlarged EBSD
image as shown in Fig. 1e, where g grains (upper) and B2 phase
(lower) are marked in color. Little precipitation is visible inside the
interiors of the g grains. Fig. 1f is a transmission electron micro-
scopic (TEM) image showing both the g and B2 grains. They are
nearly free of dislocations due to annealing at high temperatures.
Annealing twins are often seen in the g grains. The B2 grains are
Fig. 1. Microstructural characterization of HSSS. aec. Optical images of longitudinal section
900 �C for 2 min, respectively. d. High resolution electron back-scattered diffraction (EBSD) im
half of e) and B2 (lower half). f. Transmission electron microscope image showing g and B2
selected area diffraction pattern with electron beam closely parallel to both the [011]g and
seldom observed inside g.
The above microstructural evolution is similar to that reported

by Kim et al. [27], except for B2 precipitation. Kim et al. observed
the B2 phase in three different morphologies, namely stringer
bands parallel to the rolling direction (type 1), fine B2 particles of
sizes 200 nme1 mm (type 2) at phase interfaces, and finer particles
of sizes 50e300 nm inside g grains (type 3). These finer B2 grains
precipitate along shear bands in the non-recrystallized coarse g

grains. The volume fraction of B2 in these different types was not
reported.

Fig. 2aec shows the statistical distribution of the grain size in
the g phase, and in granular and lamellar B2, respectively, after
annealing. Several hundreds of grains were counted, in extensive
EBSD and TEM observations. It is seen that the g grains are nearly
equi-axed with the mean length (l) and meanwidth (w) of 1.67 and
1.32 mm, respectively, and an aspect ratio (a) of 1.35. a of the
granular and lamellar B2 is larger, at 1.52 and 4.35, respectively. It is
interesting to note that both l andw are less than 1 mm for granular
B2, and w is also less 1 mm for lamellar B2.

The volume fraction of granular and lamellar B2 is 7.5% and
14.5%, respectively. Hence, it is more reasonable to consider the
present HSSS as a microstructure composed of two phases, with B2
as a micrometer-sized co-existing phase rather than nano-
precipitates in a precipitation-hardened g matrix.

Fig. 3 is the XRD spectrum of the HSSS after annealing at 900 �C
for 2 min. The diffraction peaks of fcc g-austenite and bcc B2 are
clearly identified.
3.2. Tensile properties

Fig. 4 shows the tensile properties of the HSSS. Fig. 4a displays
the engineering stress versus strain (s�ε) curves. The as-rolled
sample yields at a strength of nearly 2 GPa but soon necks (curve
A). After annealing at various temperatures, the tensile uniform
s of the HSSS samples after hot forging, further cold rolling, and finally annealing at
age from c. B2 grains are colored. e. Enlarged EBSD images. Colored grains are g (upper
dual-phase. Arrows indicate g and triangles indicate B2. The inset shows the indexed
[001]B2 zone axes.



Fig. 2. Histograms showing the statistics of the grain size distribution in g (a), granular (b), and lamellar B2 (c).l and w indicate the average spacing in axial and transverse direction,
respectively. Aspect ratio (a) is defined as l=w.

Fig. 3. XRD spectra after cold rolling and annealing.
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elongation increases but with a decrease of strength, as can be seen
in the s�ε curves from B to D. The combination of both the strength
and ductility is similar to those reported in Ref. [27], which are also
included (dotted lines) in Fig. 4a for comparison. Note that the
rolling strain is 80% in the present case, which is larger than the 66%
in Ref. [27]. As a summary of the mechanical properties measured
so far for high specific strength steels, Fig. 4c and d compare the
tensile properties of our HSSS with that of Kim et al. [27], as well as
with the conventional FeeMneAleC based austenitic [5,11,24],
duplex [20,25] and triplex [17,23,26] steels. As can be seen, the
HSSS in the present study shows an outstanding combination of the
specific yield strength (SYS) and uniform elongation, while exhib-
iting an acceptable combination of the yield strength-to-ultimate
tensile strength (YS-to-UTS) ratio and the uniform elongation.
These features indicate that the deformation mechanisms lie
behind the present HSSS are effective in simultaneously enhancing
the ductility and strength of the steel by virtue of increase in the
strain hardening rate.

Interestingly, all the s�ε curves in Fig. 4a show non-continuous
yielding. A yield-peak appears first, followed by a transient defor-
mation stage, seen as a concave segment on the s�ε curve over a
range of strains. This is distinctly different from the continuous
yielding (at strain rate of 10�3 s�1) in the same HSSS reported
previously by Kim et al. [27]. Fig. 4b gives the strain hardening rate
(Q ¼ vs

vε) versus true stress curves. The hardening rateQ evolves in a
similar trend. That is, Q drops rapidly first, even to below zero in
curves C and D, followed by an up-turn to reach its maximum. In
particular, as seen in the inset of Fig. 4a, the Q maximum corre-
sponds to the inflection point marked by ‘ � ’. In other words, Q
recovers to its maximumwhen the transient ends. Such a transient
was widely observed before [48e51], indicative of the Bauschinger
effect (BE). It usually appears for alloys of multi-phases with
varying yield stresses, over a strain regime corresponding to het-
erogeneous elasto-plastic deformation [36,38]. Similar behavior of
Q has also been observed recently in gradient structure [52,53] and
heterogeneous lamella structure [41].

3.3. Strain hardening due to back stresses

To probe the mechanism of strain hardening and especially the
origin of the Q up-turn, LUR tests (Fig. 5a) were conducted. Two
typical features are seen in unload-reload cycles. One is the hys-
teresis loop (Fig. 5b), while the other is the unload yield effect, i.e.
yield-drop Dsy (inset in Fig. 5b), upon each reload. These are
schematically depicted in Fig. 5c. These hysteresis loops are evi-
dence of the BE. Interestingly, the hysteresis loop appears even
from the onset of the transient (upper panel in Fig. 4b). Moreover,
this BE appears to be strong: the reverse plastic flow (srev) starts
even when the overall applied stress is still in tension during
unloading. The BE could be described by the reverse plastic strain
(εrp), Fig. 5c, which increases as plastic strains increase (Fig. 5d).

The most common explanation for the hysteresis loops in
interrupted tensile tests is based on the back stresses resulting from
inhomogeneous plastic deformation [36,38,54,55]. Here, the
macroscopic stress is separated into the internal stress (sback) and
effective stress (seff) [56]. The former is generally associated with a
long-range stress on mobile dislocations and the latter is the stress
required for a dislocation to overcome local obstacles.sback can be
calculated as [56],

sback ¼
�
sflow þ srev

�

2
þ s*

2
(1)

where sflow is the flow stress upon unloading and s* is the thermal
part of the flow stress. These parameters are defined in Fig. 5c. The
values of srev are monitored, as shown in Fig. 5e, at three selected
strain offsets, with increasing deviation from the initial linear
segment on each loop.

Fig. 5f shows the sback, and the hardening rate due to back
stresses, Qback, as the tensile strain increases, based on srev calcu-
lated at 0.02% offset. With increasing strain, sback increases, while
Qback decreases. Interestingly, Qback is initially much higher than
Qtotal but shows a steep drop during the transient. This indicates
that sback is responsible for the Q up-turn. Meanwhile, when
selecting srev with different strain offset (Fig. 5e), the similar trend
appears in Refs. Qback, even though the sback values differ
significantly.



Fig. 4. a. Tensile engineering stress-strain (s�ε) curves at a strain rate of 5 � 10�4 s�1. A: cold rolling with strain 80%, B and C: annealing at 800 and 900 �C for 2 min, D: annealing at
900 �C for 15 min. Inset shows a close-up of both true s�ε curve and strain hardening rate (Q) vs true strain curve of sample D. Note that the Q maximum corresponds to the
inflection point marked by a ‘ � ’. b.Q vs true stress curves. Square indicates the ultimate tensile strength. c. Specific yield strength (SYS, i.e. yield strength-to-mass density ratio)
versus uniform elongation. d. Yield strength-to-ultimate tensile strength (YS-to-UTS) ratio versus uniform elongation. The present HSSS is compared with the FeeMneAleCeNi
based HSSS reported by Kim et al (Ref. [27]). and the conventional FeeMneAleC based steels [5,11,17,20,23e36].

Fig. 5. Back stress hardening. a. Tensile LUR true s�ε curve for sample D. The monotonic s�ε curve is also shown for comparison. b. Close-up of hysteresis loops of the first three in a
(upper) and the last loop (lower). Inset shows the unloading yielding effect (Dsy). c. Schematic of two typical features in each unloading-reloading cycle, i.e. hysteresis loop and Dsy.
d. Reverse plastic strain (εrp) andDsy versus unloading strains (εun). e. Loop assembly showing the unloading yield stress (sun) marked by square by three strain offsets, namely
0.01%, 0.02%, and 0.05%. f. Back stress and hardening rate versus true strain.

M.X. Yang et al. / Acta Materialia 109 (2016) 213e222 217



M.X. Yang et al. / Acta Materialia 109 (2016) 213e222218
3.4. Load transfer and strain partitioning

During the plastic deformation, the softer g grains are easier to
deform than the harder B2 grains. This causes plastic strain parti-
tioning where the soft grains carry higher plastic strains. As seen in
Fig. 6aec, the present HSSS is a dual-phase alloy. That is, the load
transfer and strain redistribution will occur due to the highly het-
erogeneous microstructure. In situ high energy X-ray diffraction
measurements have been employed to provide atomic-level strains
to help understand the underlying mechanism.

3.4.1. Load transfer revealed by in situ diffraction measurements
Fig. 6a shows both the true s�ε and Q�ε curves, measured in

situ together with the high-energy X-ray diffraction measurements
of the lattice strain. The stress-strain behavior and the Q up-turn
are similar to those observed in Fig. 4a. The stress partitioning
during tensile loading was reflected from the lattice strain evolu-
tion of both phases. Fig. 6b is the lattice strain as a function of the
applied tensile strain in the axial (loading) and transverse direction,
respectively, in both the g and B2 phases. The lattice strains were
calculated using ðdhkl � dhkl0 Þ=dhkl0 , where dhkl0 is the d-spacing of the
(hkl) plane at zero applied stress. As the applied strain increases,
both the ε111g and ε

110
B2 in axial direction roughly follow a three-stage

evolution. In stage I, both the ε
111
g andε110B2 coincide well and in-

crease linearly. In stage II, ε111g deviates from the straight line at the
strain of 0.06, while ε

110
B2 still keeps rising linearly. A close-up is

shown in Fig. 6c. As the tensile strain increases further to ~0.07, a
rapid drop of ε110B2 appears. In stage III, both ε

111
g and ε

110
B2 begin to

rise once again, but with obviously different slopes.
Fig. 6d shows the high energy X-ray diffraction pattern. As seen

in Fig. 6e, both {111}g and {110}B2 diffraction peaks maintain con-
stant intensity initially, while their positions shift to smaller 2w
along the axial direction; an opposite trend appears in transverse
direction (see Fig. 6f). For the axial strains over the range studied,
Fig. 6. Stress and strain partitioning from in situ X-ray diffraction measurements. a. s�ε a
direction, respectively, in both g and B2 versus applied tensile strain. Note the three-stage ev
stage II consists of II1 where g begins to yield while B2 stays elastic, and II2 where B2 starts to
transverse directions, respectively. The applied tensile strain increases from bottom to top.
the intensities of all the diffraction peaks remain almost constant. A
sudden increase in the full width at half-maximum (FWHM) is
visible for {111}g and {110}B2, respectively, at a strain of 0.06 and
0.07. At the same time, it is interesting to observe that the {110}B2
peak starts to diminish in the transverse direction. In addition, both
{200}B2 and {211B2} peaks lower their heights graduallywith plastic
deformation and disappear eventually, similar to what has
happened to {110}B2.

3.4.2. Strain partitioning from aspect ratio measurements
The strain partitioning is such that g bears a large amount of

plastic strains. This is measured by the aspect ratio changes before
and after tensile tests, monitored also in sample D. The aspect ratio
information before tensile testing was in Fig. 2a to c, for g, granular
B2, and lamellar B2, respectively. Fig. 7aec shows the SEM images
of the longitudinal section after tensile testing to a true strain of
~26%. Most of the initially equi-axed g grains (Fig. 2c) now become
strongly elongated (gray contrast) along the tensile direction as
seen in the inset of Fig. 7a. The mean spacing l and w, and aspect
ratio a in the tensile direction are shown in Fig. 7def. The mean
true strain in each phase can be calculated as ε¼(2/3) ln(aaf-
terþabefore). The derivation of the formula and the calculation
method can be found in Ref. [41]. The strain experienced by g,
granular and lamellar B2, respectively, is about 27%, 7%, and 1%,
respectively, at the total applied strain of ~26%.

4. Discussion

4.1. Plastic deformation in HSSS

Fig. 6 shows three stages of the lattice strain evolution with
applied axial strains in the g and B2 phases. In stage I, both g and B2
phases deform elastically, with a linear increase of bothε111g and
ε
110
B2 . In stage II, as shown in Fig. 6c, ε111g is the first to deviate from
nd Q�ε curves. Note the Q up-turn. b. Lattice strains in axial (loading) and transverse
olution of lattice strains. c. Close-up of the three stages in b in axial direction. Also note
yield. d. High-energy X-ray diffraction spectra. e and f. Diffraction patterns in axial and



Fig. 7. Aspect ratio measurements after tensile testing in sample D. aec. SEM images after tensile tests in g (light-gray) and granular (red) and lamellar (yellow) B2. def. Corre-
sponding histograms of aspect ratios. In b and c, the B2 particles and lamellae were colored, respectively, based on their morphology in the SEM images. (For interpretation of the
references to color in this figure legend, the reader is referred to the web version of this article.)
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linearity at a strain of 0.06, while ε110B2 continues to rise linearly. This
indicates the onset of yielding in g, at the microscopic level, due to
its lower yield stress than that of B2 [39]. Exactly from this very
moment, the stress shifts from g to the still elastic B2. With further
deformation, the load shared by gwill decrease. This leads to a drop
in ε

111
g and a continued rise in ε

110
B2 , soon after this micro-yielding.

This stage is marked as II1 in Fig. 6c, reflecting the “grain to grain
yielding” in g due to the varying Schmid factor and strain hardening
of individual grains [39,57]. As the strain increases to 0.07, a rapid
drop of ε110B2 appears, which signals the onset of the stage II2. This
drop of ε110B2 indicates declined stresses that are delivered from g to
B2 through phase interfaces. That is, the B2 phase starts to yield.
The fact that ε110B2 still rises to large strains rules out the possibility
of failure at the g/B2 interfaces. With a severe stress concentration
built up at the phase interfaces between g and B2 during stage II1,
the B2 also begins to deform to provide necessary accommodation
between the two phases. Hence, both strains and stresses will relax
to a large degree at the g/B2 phase interfaces. As a result, ε110B2 drops
rapidly. As shown in Fig. 6e, an increase in FWHM of the {111}g and
{110}B2 diffraction peak at axial strain of 0.06 and 0.07 is due to
dislocation generation in the crystal, indicative of the onset of
micro-yielding in g and B2, respectively. Hence, stage II indicates
the elasto-plastic transition, as the g phase deforms plastically first
(II1) followed by the B2 phase (II2).

In stage III, a rise in both ε
111
g and ε

110
B2 is visible once again at

strains larger than 0.088. This indicates the onset of the co-
deformation in both g and B2. Interestingly, the slope
(vε110B2 =vεaxial) for lattice strains to rise in B2 is much larger than the
vε111g =vεaxial. This indicates that the load transfer occurs once again
during the co-deformation of two phases. As a result, strain parti-
tioning occurs between the g and B2 phases, as is further evidenced
by the aspect ratio measurements shown in Fig. 7. Moreover, an
increase in ε

110
B2 with axial strains is significant, indicating the

strong and continued strain hardening in B2 all the way to final
fracture. In addition, an increase in both ε

111
g and ε

110
B2 also indicates

the recovery of hardening capacity in both g and B2 in this stage.
Both g and B2 strain harden and participate in the load sharing,
even though B2 carries the most part of the applied load. As the
axial strain increases further, the intensities of all the diffraction
peaks stay almost constant, as seen in Fig. 6e. This indicates the co-
deformation of both the g and B2 phases.

As seen in Fig. 6f, the {110}B2, as well as {200}B2 and {211}B2
peaks, begin to disappear with strains beyond the inflection point
during the tensile testing. This indicates crystal re-orientation, e.g.
rotation of the grains, in the B2 phase for the purpose of accom-
modating strain.

4.2. Strain hardening

By comparing Fig. 6ac, the onset of B2 yielding corresponds to
the rapid drop of Q, while the Q starts its up-turn at the end of this
yielding. This means that the stressestrain curve in the transient
before the inflection point corresponds to the elasto-plastic tran-
sition. The interesting Q evolution (Figs. 4b and 6a) originates,
therefore, from the dual-phase nature of plastic deformation in
HSSS. Under tensile loading, g will plastically deform first. How-
ever, due to the constraint by the still elastic B2, dislocations in g

are piled up and blocked at phase interfaces. Geometrically
necessary dislocations (GNDs) will be generated at phase interfaces
due to the strain incompatibility of the two phases [40,58]. This
produces the internal stresses to make it difficult for dislocations to
slip in g grains until B2 grains start to yield at a larger global strain.
The long-range back stresses develop as a result. Additionally, the
intra-granular internal stresses also develop due to the dislocations
inside the g grains, along with the “grain to grain yielding” due to
the misfit plastic strains among neighboring g grains [59]. This is
the reason of a very high Qback at the onset of the elasto-plastic
transition as shown in Fig. 5f. Therefore, the high strain hard-
ening rate is originated from both the back stress hardening and
forest dislocation hardening in g. Plastic incompatibilities that
result from microstructural heterogeneity induce large internal
stresses. Also, after the whole B2 grains yield, Q is sustained at a
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level corresponding to the back stresses resulting from the strain
incompatibility, together with dislocation multiplication in both g

and B2.
Note that the B2 grains are plastically deformable and can store

dislocations, as is shown in Fig. 8 by TEM observations. During the
co-deformation of both the g and B2 phases (stage III), as seen in
Fig. 6b and c, the lattice strain in B2, ε110B2 , increases with the axial
strain, εaxial. But the slope vε110B2 =vεaxial is smaller than that of elastic
stage I. If B2 is elastic in stage III, its slope should remain un-
changed. This indicates that plastic deformation does occur in B2,
which is further supported by the aspect ratio measurements
(Fig. 7). The average macroscopic plastic strain in the granular and
lamellar B2 is 10%, and 2%, respectively. On the other hand, the
slope for lattice strains to rise in B2 is much larger than that in g.
This indicates even stronger strain hardening in B2 than that in g.
The load transfer and back stress is probably responsible for this
strong strain hardening in B2. Moreover, the observation of a high
density of dislocations after tensile testing lends support to the
assertion that B2 can sustain strain hardening during tensile
deformation.

In addition, the strains should be continuous at the phase in-
terfaces between g and B2, with a strain gradient near the phase
interfaces [60,61]. As a result, the GNDs will be generated to
accommodate the strain gradient [52], contributing to the dislo-
cation pile-up near phase interfaces that elevates the back stresses
[37,40,62]. In other words, the back stress associated with strain
partitioning should have contributed to the observed high strain
hardening rate. Moreover, g grains are observed to be stretched
Fig. 8. TEM micrographs showing high density of dislocations in both g (a) and B2 (c) grain
patterns with [011]g and [011]B2 zone axes, respectively.
along their length direction by as much as 100 pct on average (by
comparison of l before and after tensile testing in Figs. 2a and 7d);
this plastic deformation is expected to increase the dislocation
density in the interior of g grains.

4.3. Unloading yield effect

As seen in Fig. 4a, there is a yield-drop in the initial yielding. The
inset in Fig. 5b and d also indicate that the new yield stress upon
each reloading is also higher than the flow stress at the point of
unloading. These two observations may have the same underlying
mechanism. Such a behavior resembles the yield-drop phenome-
non in carbon steels [63].

The yield-drop phenomenon in an interrupted tensile test was
first observed in a single crystal A1-4.5% Cu alloy [64]. A more
systematic study on commercial aluminum alloys 2024, 7075 and
6061was reported subsequently by Nieh and Nix [65] who used the
term “unloading yield effect” to describe this phenomenon. We
shall also use this latter term as it avoids being ambiguous with the
distinct yield point phenomenon observed in carbon steels. Nieh
and Nix [65] proposed a qualitative model based on the healing of
sheared coherent precipitates for the appearance of the unloading
yield effect in Al alloys. According to their model, the precipitates
sheared by moving dislocations are quickly healed by diffusion
processes when plastic deformation is paused by unloading.
However, this mechanism does not seem to be applicable if a
sample with little precipitates still exhibits unloading yield effect.

The unloading yield effect may be understood as follows. Once
s at tensile strain of ~26% in sample D. b and d. Corresponding selected area diffraction
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unloaded, the B2 phase becomes elastic. Upon reloading, firstly, the
B2 stays elastic while g begins to deform plastically. The yield peak
appears once again upon reloading due to the load transfer. As the
tensile strain increases, the mobile dislocation density decreases in
g and a higher stress is needed for the g to yield, leading to an
increased Dsy. Secondly, once the B2 yields, rapid relaxation of
elastic stresses and strains on the g/B2 interfaces causes the stress-
drop.

5. Conclusions

We have analyzed the strain hardening process in the
Fee16Mne10Ale0.86Ce5Ni high specific strength steel. As the
steel has a heterogeneous microstructure composed of a g-
austenite matrix containing the B2 FeAl second phase, our treat-
ment is from the perspective of a dual-phase that are both
deformable with significant strain hardening capability. In situ
high-energy X-ray diffraction revealed the lattice strain evolution
in both phases. The softer phase deformed first, shedding load to
harder regions, eventually causing the latter to deform. The load
transfer and strain partitioning unraveled from the in situ data
indicates an elasto-plastic transition, with grain-to-grain yielding
until the yielding of all grains, in the order of softer g and then
harder B2, and finally co-deformation. As such, the atomic-scale
information sheds light on the origin of the high back stresses
that have been measured, of the pronounced Bauschinger effect, as
well as of the rapid yield drop and subsequent up-turn of the strain
hardening rate in the transient. The back stress hardening is
believed to play a crucial role for the high strain hardening rate that
has sustained the large elongation in the HSSS.
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