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ABSTRACT

Shear transformation, such as twinning and martensitic phase transformation, is generally unidirectional
under monotonic thermal or mechanical loading. Here, we report the dynamically reversible shear trans-
formations in a CrMnFeCoNi high-entropy alloy (HEA) under uniaxial tension at the extremely low tem-
perature of 4.2 K. Since stacking fault energy (SFE) of CrMnFeCoNi HEA with a face-centered cubic (fcc)
structure is low and decreases with decreasing temperature, plastic deformation is accommodated by
dislocation slips and shear transformation bands, such as {111} stacking faults (SFs), {111} nano-twins
and fcc — hcp (hexagonal close-packed structure) shear transformation bands. When deformed at 4.2 K,
the lower SFE promotes fcc — hcp shear transformation, forming hcp grains. Besides basal and non-basal
dislocation slips in hcp grains, high-density {0001} SFs and {1011} nano-twinning are activated to accom-
modate plastic deformation. More intriguingly, reverse hcp — fcc shear transformations are stimulated by
deformation-induced local dissipative heating. The reversible fcc <~ hcp shear transformations and both
{1011} and {111} nano-twinning lead to dynamic nano-laminated dual-phase (NL-DP) structures, which
advances the monotonic “dynamic Hall-Petch” effect in enhancing strength, strain-hardening ability, and
ductility by dynamically tailoring the type and width of shear transformation bands. Our work provides
a promising strategy for evading the strength-ductility dilemma via dynamically developing NL-DP struc-
tures through activating reversible shear transformations.

© 2022 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.

1. Introduction

Materials that dynamically develop characteristic microstruc-
ture to simultaneously improve strength, ductility, and strain-
hardening ability are especially desirable since the strength and
ductility of structural materials are generally mutually exclu-
sive [1-4]. For example, twinning-induced plasticity steels and
transformation-induced plasticity steels in which twinning or
phase transformation not only contributes to plastic deformation,
but also creates coherent twin/phase boundaries that strengthen
materials by impeding dislocation motion and enhancing strain-
hardening ability [5-8]. Such synergetic effect is referred to as the
“dynamic Hall-Petch” effect associated with the development of hi-
erarchical microstructure [9-11].
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For high-entropy alloys (HEAs) with a face-centered cubic (fcc)
structure, deformation-induced nano-twinning and/or fcc to hexag-
onal close-packed (hcp) phase transformation not only accom-
modates plastic deformation besides dislocation slips because of
the low stacking fault energy (SFE) but also develops hierar-
chical nano-laminated structures which improve strength, strain-
hardening capability, and ductility [12-25]. It is well known that
the activity of twinning and fcc — hcp phase transformation is
relying on the magnitude of the SFE of close-packed planes and
the cohesive energy difference between fcc and hcp phases [26-
28]. The SFE of fcc-phase CrMnFeCoNi HEAs decreases with de-
creasing temperature, and the temperature-dependent coefficient
of SFE (dy/dT) is approximately 0.09-0.11 m]/m2/K [29]. At de-
formation temperatures above 298 K, the SFE is greater than 20
m]J/m?, and the plastic deformation is primarily accommodated by
full dislocation slip [24,26]. At deformation temperatures in the
ranges of 77-298 K, the SFE is in the range of 0 to 20 mj/m?,
thus deformation twinning and Shockley partial dislocations act as
major carriers for plasticity [24,26,30]. When the temperature is
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further reduced below 77 K, the SFE is very small or even neg-
ative, and the cohesive energy for the hcp phase is close to or
even lower than that for the fcc phase. Correspondingly, plastic
deformation will be dominated by fcc — hcp shear transforma-
tion banding [26]. It must be pointed out that the fcc — hcp shear
transformation is accommodated by successive gliding of Shockley
partial dislocations on every two close-packed planes [28,31,32].
At cryogenic temperature, it is thus expected that the dominant
fcc — hcp shear transformation mechanism will transform the ini-
tial fcc-phase grains to hcp-phase grains. The opening issue is how
newly formed hcp grains plastically deform. The hcp materials gen-
erally generate various twins to accommodate the plastic deforma-
tion due to the insufficient independent slip systems. It has been
reported that the deformation-induced reverse shear transforma-
tion (hcp — fcc) takes place at the junctions of two crossing hcp
bands in FeMnCoCr HEA systems, which is triggered by the local
dissipative heating and local complex stress fields [20,25]. Espe-
cially, does deformation-induced local dissipative heating affect de-
formation twinning behaviors of hcp phases at cryogenic temper-
ature? Corresponding to the low SFE of the basal plane and local
dissipative heating, we speculated that high-density basal stacking
faults (SFs) can be generated, and then the local dissipative heat-
ing may promote shear transformation from hcp structure or basal
SFs to fcc structures. Also, deformation twinning in the hcp phase
may be activated to accommodate the (c) component of plastic
strains besides dislocation slips. Furthermore, the local dissipative
heating might facilitate the shear transformation from hcp twins
to fcc structure. Thus, cryogenic temperature deformation may dy-
namically develop hierarchical dual-phase laminated structures as-
sociated with fcc — hcp, hep— twin in hep, and hep — fcc shear
transformations, which can simultaneously enhance strength, duc-
tility, and strain-hardening ability.

Here, we report the dynamically reversible fcc <« hcp
shear transformations and deformation-induced dynamic nano-
laminated dual-phase (NL-DP) structures in a single-phase fcc
CrygMnygFeyqCoygNiyy HEA during tensile straining at 4.2 K. Ex-
tensive deformation-driven fcc — hcp shear transformations were
promoted during tensile deformation at 4.2 K, leading to a large
fraction of hcp grains. In addition to basal and non-basal slips in
hcp grains, {1011} twinning is activated to accommodate deforma-
tion in the (c) axis. More intriguingly, deformation-induced local
dissipative heating at 4.2 K is sufficient to activate reverse shear
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transformation through two mechanisms: hcp — fcc shear trans-
formation via nucleation and propagation of Shockley partial dislo-
cations, and {1011} twinning-assisted hcp — fcc shear transforma-
tion. Corresponding to the low temperature promoted fcc — hcp
shear transformations and the local dissipative heating stimulated
hcp — fcc reverse shear transformations, tensile deformation dy-
namically developed a hierarchical NL-DP structure, and the tensile
stress-strain response exhibits serrated flow behavior at 4.2 K. Fur-
thermore, we demonstrated that such NL-DP structures can simul-
taneously enhance the strength, strain-hardening capability, and
ductility of CrygMnygFe,qCoygNiyy HEA at room temperature.

2. Experimental procedures

One Kg alloy ingot with nominal composition
CrygMnygFeygCoygNiyy (at.%) was fabricated by arc-melting un-
der an argon atmosphere using pure metals (99.95 wt.% pure),
subsequently homogenized in a vacuum at 1150 °C for 6 h and
then cooled in the furnace. The homogenized ingot was forged
into a slab of 10 mm in thickness at 1000 °C. The slab was then
hot-rolled at 900 °C to the sheets with a thickness of 5 mm and
cold-rolled to 3 mm in thickness with a reduction of 70%. Finally,
the cold-rolled sheet was annealed at 1200 °C for 1 h, followed
by air cooling. Microstructure characterizations were performed
using a scanning electron microscope (TESCAN GAIA3) equipped
with electron backscatter diffraction (EBSD). The samples for EBSD
analysis were prepared by mechanical grinding, and polishing in
a solution of 10% perchloric acid and 90% alcohol at —20 °C and
an applied voltage of 20 V. The EBSD analysis reveals the initial
fcc-phase, equiaxed grains with an average size of 150 um (Fig. 1a,
b).

Flat dog-bone-shaped tensile specimens (as shown in Fig. 2a)
with a gage length of 15 mm, a thickness of 2 mm, and a
width of 4 mm were machined from the annealed sheet by elec-
tric discharge machining with their longitudinal axes parallel to
the rolling direction of the sheet. Then the tensile samples were
ground to 1500-grit SiC paper before performing tensile testing.
Tensile testing was performed at 4.2 K (liquid helium temperature),
77 K (liquid nitrogen temperature), and 298 K (room temperature)
with the strain rates of 10-3 s = ! and 10~ s ~ ! on an MTS-SANS
CMT5000 universal testing machine. Microstructure characteriza-
tions at different deformation stages were performed using a JEM-

Fig. 1. Initial microstructure. (a) The EBSD phase map and (b) inverse pole figure map of the annealed CrysMn;oFe;Co20Nii4 HEA before tensile testing, showing the single-

phase fcc structure with fully recrystallized grains.
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Fig. 2. Serrated flow behavior and exceptional mechanical properties. (a) Macroscopic images of tensile samples before and after tension to fracture at 4.2 K, showing
uniform deformation without necking. (b) Representative tensile stress-strain curves at 4.2-298 K with the strain rates of 10~ s ~ ' and 10> s ~ !, with the enlarged
section of stress-strain curves corresponding to yielding stage inset. (c) The corresponding true stress-strain curves (dashed lines) and strain-hardening curves (solid lines),
showing the remarkable increase in strain-hardening rate with reducing testing temperatures. (d) The variation of the amplitude of stress drops with strain.

2100F transmission electron microscope (TEM) and JEM-ARM300F
aberration-corrected scanning TEM (STEM). Specimens for TEM ob-
servation were extracted from the gage section of deformed spec-
imens and then thinned using mechanical grinding followed by
double-jet electro-polishing in a solution of 6% perchloric acid, 35%
n-butyl alcohol, and 59% alcohol at 30 °C and an applied voltage of
30 V. Specimens for TEM observation were also made by grinding
and polishing followed by low energy (3.5 keV) ion-milling (PIPS II
System). All TEM samples were then cleaned by Solarus II Plasma
Cleaner.

3. Results and discussion

3.1. Serrated flow behavior and exceptional mechanical properties at
cryogenic temperature

Fig. 2b shows the representative tensile stress-strain curves of
the single-phase fcc CrygMnygFeygCoygNiyy HEA at 4.2-298 K with
the strain rates (¢) of 103 s — ! and 10~> s — 1. Two intrigu-
ing plastic flow behaviors are observed. Firstly, pronounced ser-
rated flow behavior extends from the initial yielding stage to the
final fracture when the sample is stretched at 4.2 K, but not at
77 K and 298 K. The serrated behavior is characterized by period-
ically sudden stress drops and strain bursts. The amplitude of the
stress drops increases with increasing strain, reaching up to a max-
imum value of ~198 MPa at the strains of 45%-50% (Fig. 2d). Sec-
ond, lowering deformation temperature simultaneously increases

the yield strength, ultimate tensile strength (Fig. 2b), and strain-
hardening rate (Fig. 2c) without apparent loss of ductility. The
macroscopic morphology of tensile samples after tension to frac-
ture at 4.2 K indicates the uniform plastic deformation without
necking (Fig. 2a). An exceptional combination of strength and duc-
tility (yield strength of ~0.8 GPa, tensile strength of ~1.34 GPa as
well as uniform elongation of ~50%) is realized at a deformation
temperature of 4.2 K, which is much superior to that of the sam-
ples at deformation temperatures of 77 K and 298 K. In addition,
such mechanical behaviors are insensitive to strain rate, although
the yield strength increases with increasing strain rate (inset in
Fig. 2b).

3.2. Deformation-induced lamellar dual-phase structures

For deformation at temperatures decreasing from 298 K to
77 K, the remarkable enhancement of strength, ductility, and
strain-hardening rate of single-phase fcc HEAs are generally at-
tributed to nano-twinning and/or fcc — hcp phase transforma-
tion [18,24,33,34], as shown in Fig. 3. Owing to the very low SFE
of the current alloy, SFs mediate the initial plastic deformation at
298 K and 77 K (Fig. 3a;, by). With increasing strains at 298 K, full
dislocation slip dominates the plastic deformation instead of SFs,
which gradually evolves into high-density dislocation walls due to
the onset of dynamic recovery at high strains (Fig. 3a,). In con-
trast, the dynamic recovery during deformation at 77 K can be
impeded owing to the very low temperatures. The primary defor-
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77K: phase transformation

Z=[110], // [1Z10],

Fig. 3. The temperature-dependent deformation mechanisms in Cr,gMnyoFe;0Co,0Nijy HEA. TEM images of the samples after tensile deformation to (a;) 5% and (a,) 50% at
298 K, with the corresponding SADP inset, showing the formation of high-density of dislocation walls. TEM images of the samples after tensile deformation to (b;) 5%, (by)
20%, and (bs, bs) 60% at 77 K, with corresponding SADPs inset, showing that the plastic deformation is primarily dominated by the motions of Shockley partial dislocations,
and the corresponding formation of high-density of nano-twins (b,) and fcc — hcp martensitic phase transformations (bs, by).

mation mode is twining (Fig. 3b;) and martensitic phase transfor-
mation (fcc — hcp) (Fig. 3¢y, ¢p) at 77 K. For high-density of SFs,
the faulted region can transform into either fcc structure or hcp
structure through correcting SFs via nucleation and glide of Shock-
ley partial dislocations, depending on the magnitude of SFE which
corresponds to the energy difference between fcc and hcp struc-
tures [27,35,36]. Both twinning and phase transformation via nu-
cleation and propagation of Shockley partial dislocations are ener-
getically favorable because the process will reduce the density of
SFs. Based on the TEM observation of microstructural evolutions
during plastic deformation at 298 K and 77 K, the transition of de-
formation mechanisms from dislocation slips at 298 K to twinning
and martensitic phase transformation at 77 K contributes to the
enhanced mechanical properties with decreasing temperature. Dur-
ing plastic deformation, deformation-induced nano-twinning and
phase transformation generate a high strain-hardening rate and re-
markable increase in the tensile strength and ductility by contin-
uously introducing coherent twin/phase boundaries that decrease
the mean free path of dislocations (“dynamic Hall-Petch” effect)
[9-11].

When deformation temperature is decreased to 4.2 K, the fur-
ther enhancement in mechanical properties and the serrated flow
behavior may involve additional micro-mechanical mechanisms of
plastic deformation. After tension deformation to strains of 20%
(Fig. 4a) and 50% (Fig. 4b), the color orientation contrast imag-
ing (COCI) of the sample surfaces shows numerous parallel bands.
Further microscopy characterizations reveal two types of laminated
structures. An EBSD phase map (Fig. 4c) clearly shows one lamel-
lar dual-phase structure where the fcc-y and hcp-¢ phases have
an area fraction ratio of 11/9. It is noted that some bands are
composed of two phases as indicated by arrows in Fig. 4c, imply-
ing the occurrence of local shear transformations inside hcp-& or
fcc-y bands. We will characterize the corresponding mechanisms
in the following section. The low-angle annular dark-field STEM

(LAADF-STEM) imaging (Fig. 4d) shows the typical lamellar dual-
phase structure, including high-density {1011} nano-twins, {0001}
SFs, {111} SFs, and fcc phase. {1011} twins with an average thick-
ness of ~20 nm display a much brighter contrast (positive strain
contrast) than the surrounding hcp-& matrix, suggesting severe lat-
tice strain within twins. The corresponding selected-area diffrac-
tion pattern (SADP, in Fig. 4e) of the interface between the hcp-¢
matrix and {1011} twin shows two sets of diffraction spots corre-
sponding to the fcc and hcp structures, evidencing the occurrence
of hcp — fcc shear transformation inside/near {1011} twins. The
fcc phase formed in hcp domains is referred to as reversed fcc-y .
Note that the basal planes of the hcp-& phase around the {1011}
twin are rotated slightly by ~5° as indicated in Fig. 4e.

A bright-field TEM image in Fig. 4f shows another type of
lamellar dual-phase structure. The corresponding SADP, taken
along the [110], zone axis, demonstrates the coexistence of diffrac-
tion spots associated with fcc-y, y-twin (yww), and hcp-¢ phase
(Fig. 4g). The presence of continuous streaking on SADP (indi-
cated in Fig. 4g) corresponds to high density {0001}/{111} SFs.
Such e-y-yw lamellar dual-phase structure is generated by the
hcp — fcc shear transformation through the nucleation and propa-
gation of Shockley partial dislocations. The corresponding deforma-
tion mechanisms will be discussed based on high-resolution TEM
(HRTEM) characterizations.

3.3. Dynamically reversible shear transformation mechanisms at
cryogenic temperature

The cryogenic temperature plastic deformation is dominated by
the fcc — hcp shear transformation mechanism via successively
gliding of Shockley partial dislocations, leading to the transforma-
tion from the initial fcc-phase grains to hcp-phase grains. Besides
fcc — hcp shear transformation bands, plastic deformation in hcp-
phase grains can also be accommodated by slips associated with
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Fig. 4. Deformation-induced NL-DP structures. The COCI images of the deformed sample at 4.2 K up to a strain of (a) 20% and (b) 50%, showing numerous nano-spaced
deformation bands within each grain. (c) EBSD phas_e map of the sample at a tension strain of 50%, showing lamellar dual-phase structure. (d) LAADF-STEM image showing
the nano-laminated structures with numerous {1011} twins and high-density basal SFs, (e) corresponding indexed SADP. (f) The bright-field TEM image of the lamellar

&-y-Yw dual-phase structures, (g) corresponding indexed SADP.
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Fig. 5. Non_-pasal slip systems in hcp grains in the sample after tension to fracture at 4.2 K. TEM images obtained under various two-beam conditions, (a) at g=[0002], and
(b) at g=[2110]. The dislocations marked by red lines are (c + a) dislocations. The dislocations marked by aqua lines are (c) dislocations.

gliding of (a), (c) and (c + a) dislocations. Fig. 5 shows two TEM
images obtained under various two-beam conditions. Non-basal
dislocations in hcp grains that are created by tensile deformation
at 4.2 K are characterized with g=[0002] and g=[2110]. The dislo-
cations marked by red lines are always visible under g=[0002] and
g=[2110] two-beam conditions, suggesting that they are (c + a)
dislocations. The dislocations marked by aqua lines are visible un-
der the g=[0002] two-beam condition (Fig. 5a), but invisible un-
der the g=[2110] two-beam condition (Fig. 5b), meaning that they
are (c) dislocations. Other dislocations which are invisible under
the g=[0002] two-beam condition and visible under the g=[2110]
two-beam condition are (a) dislocations. However, these deforma-
tion mechanisms cannot account for the thermomechanical insta-
bility, i.e., serrated flow behavior at 4.2 K.

Considering the cryogenic temperature deformation condition
and the formation of two types of shear transformation bands, we
speculated that the deformation-induced dissipative heating can
lead to adiabatic heating locally at cryogenic temperature, stim-
ulating localized avalanche shear and the localized thermal soft-
ening (thermomechanical instability) [37,38]. Correspondingly, we
observed the periodical load drop. Such thermal softening de-
mands a very small difference in the Gibbs free energy between
fcc-y and hcp-¢ phases of CrygMn;gFeygCoygNiy HEA [29]. Accord-
ing to the previous calculations of adiabatic heating in CrMnFeCoNi
HEA systems [20,39], the local dissipative heating during strain-
ing can reach up to ~ 153 K at 4.2 K. Such high local tempera-
ture fluctuation is sufficient to facilitate the dynamical and alter-
nate occurrence of fcc — hcp and hcp — fcc shear transforma-
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Fig. 6. High-density {1011} nano-twins and basal SFs. (a) Low-magnification with SADP inset and (b) high-magnification LAADF-STEM images, showing high-density {1011}
twins and basal SFs. (c) TEM image of {1011} twins at grain boundaries, obtained with two-beam condition g=[0002]. (d) LAADF-STEM image showing two {1011} twin

variants at the fcc-hcp phase boundaries.

tions during deformation at 4.2 K, leading to lamellar dual-phase
structures.

For an hcp grain, plastic deformation is accommodated by dis-
locations and twins, and even by adiabatic heating stimulated re-
verse phase transformation. Here, we performed TEM observa-
tions of the two types of nano-laminated dual-phase bands and
rationalized the corresponding shear transformation mechanisms.
Mechanism #1 is described by y — & — {1011} twin — ¥/ytw.
The LAADF-STEM images in Fig. 6a, b, with the SADP inset, show
ultrahigh-density of {0001} SFs, {1011} twin variants, and {111} fcc
bands in hcp grains, leading to three sets of parallel bands. {0001}
SFs and {111} fcc bands are parallel to each other. Such shears on
basal planes do not contribute to plastic deformation in the (c)
axis. Therefore, {1011} twinning was activated to accommodate
shear on non-basal planes, leading to the formation of numerous
{1011} nano-twins in the hcp-¢ phase. It is observed that {1011}
twins are connected to grain boundaries (Fig. 6¢) or the fcc-hcp
phase boundaries (Fig. 6d), suggesting that they are nucleated at
and/or blocked by grain/phase boundaries.

The substructures of {1011} twins were further characterized by
HRTEM. Fig. 7a shows the twin tip, {1011} coherent twin bound-
aries, and pyramidal/basal steps/facets at twin boundaries. The
misorientation angle of basal planes between the twin and ma-
trix is about 123.0°, which is close to the theoretical misorien-
tation angle (123.8°) of {1011} twin. Fig. 7b is a high-resolution
LAADF-STEM image taken from a {1011} twin boundary, show-
ing that the {1011} twin has been partially transformed into fcc
structure and the coherent twin boundary containing steps. It is
noted that the part of the {1011} twin displays an fcc structure
marked by y in Fig. 7a-d. As shown in Fig. 7a, the typical Shoji-
Nishiyama orientation relationship between fcc and hcp structure
inside the {1011} twin, ie., [110], // [1210], and (111), // (0001),,
suggests that the hcp — fcc shear transformation (¢ — y) is
accomplished through gliding of Shockley partial dislocations on
every other basal plane. When the {1011} twins transform into
fcc structure, Shockley partial dislocations are activated on {111}
planes, leading to formation of {111} SFs and {111} nano-twins in
the newly formed fcc domain, as shown in Fig. 7c. Fig. 7d shows
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Fig. 7. (a) HRTEM image of a {1011} twin tip taken along the [1210]: zone axis, showing fcc domain in the twin. (b) Atomic-scale interface structure of the hcp-¢ matrix
and {1011} twins. (c) HRTEM image showing that a {1011} twin transforms to fcc structure with {111} SFs. (d) HRTEM image showing that a {1011} twin transforms into

two fcc domains with the twin orientation.

two fcc domains with {111} twin orientation inside an {1011}
twin. In addition, the hcp-e matrix surrounding the {1011} twin
also experience reverse hcp — fcc shear transformation, leading
to formation of nanoscale y/yw bands (Fig. 7d). Correspondingly,
we proposed a multiple-step shear transformation mechanism, i.e.,
y — & — {1011} twin — y/yw. The ¥ — & shear transformation
is promoted by low SFE at cryogenic temperature. The ¢ — {1011}
twinning accommodates plastic strain along the (c) in hcp grains,
while the local dissipative heating stimulates the {1011} twin — y
reverse shear transformation, causing mechanical softening (stress
drop) and developing a new orientation relationship between hcp
and fcc structure, ie., [110], // [1210]; and (111) , // (1011), as
evidenced in Fig. 7b.

Corresponding to the typical fcc/hcp nano-laminated structure
shown in Fig. 8a, the shear transformation mechanism #2 is de-
scribed by y — ¢ — y/[ytw. For high-density of basal SFs in the
hcp-¢ phase, the faulted regions can transform back into fcc struc-
ture through correcting SFs via nucleation and glide of Shockley

partial dislocations, which is energetically favorable since the pro-
cess will reduce the density of SFs. It is noted that fcc laminates
frequently have two orientations, forming a {111} twin orientation
relationship (Fig. 8a). Corresponding to the Shoji-Nishiyama orien-
tation relationship, the hcp — fcc phase transformation is accom-
plished via gliding of Shockley partial dislocations on every two
{0001} planes. As shown in Fig. 8b, the front of the phase bound-
ary is very sharp and perpendicular to the {111}||{0001} habit
planes, suggesting that these dislocations attract each other [40].
Therefore, this sharp interface should be described by a group of
Shockley partial dislocations with Burgers vectors by, by, and b3 in
a repeatable unit [41,42], ...by:b;:bs..., as schematically illustrated
in Fig. 8c. Note that the Shockley partial dislocations in an unit
have a net zero Burgers vector (Fig. 8d). Based on HRTEM observa-
tions (Fig. 8b), six-layer phase boundary and eighteen-layer phase
boundary are identified, corresponding to one unit and three units,
as schematically illustrated in Fig. 8c. The hcp structure transforms
into an fcc structure through gliding of sharp steps with three
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Fig. 8. Shear transformation of y — & — y/yw. (@) HRTEM image of the HEA after tension to a strain of 50% at 4.2 K, showing the typical e-y-yw NL-DP structure. (b)
HRTEM image showing several sharp interfaces with six and eighteen close-packed atomic planes. (c) Corresponding schematic illustration of the sharp phase boundaries
that can be described by an array of Shockley partial dislocations (...by:b;:bs...). (d) Three Burgers vectors of Shockley partial dislocations. (e) Schematic illustration of the
& — Y /[yw shear transformation mechanism through gliding of a group of Shockley partial dislocations.

Shockley partial dislocations as one unit. Fig. 8e schematically il-
lustrates the ¢ — y and € — y transformation mechanisms
through collective gliding of three Shockley partial dislocations on
every two basal planes (corresponds to six atomic planes in a unit).
Note that the collective gliding mechanism of three Shockley par-
tial dislocations does not need any applied shear stress [40,43].
The driving force for the reverse hcp — fcc phase transforma-
tion is ascribed to the decrease in cohesive energy because the
fcc structure has lower cohesive energy than the hcp structure
due to deformation-induced local dissipative heating. Thus, this
new shear transformation mechanism (y — ¢ — y/yw) requires
the assistance of temperature fluctuations caused by plastic de-
formation at 4.2 K to overcome the energy barrier of martensitic
phase transformation between hcp-¢ and fcc-y phases. The path of
y — € — y/vw can well explain the concurrence of deformation-
induced reverse shear transformation, and the corresponding for-
mation of hcp-twin lamellae substructures in fcc HEAs with low
SFE after deformation at ultralow temperatures [12,19,36,44-48].

3.4. Application of cryogenic temperature promoted NL-DP structures

Corresponding to the two shear transformation mechanisms,
fcc-phase CrpgMnygFep9CoygNi;y HEA develops dynamic NL-DP
structures at cryogenic temperature, more importantly, the vol-
ume ratio and their thicknesses of the two phases dynamically in-
crease and decrease accompanied by mechanical loading and heat-
ing stimulated softening. The exceptional strength-ductility-strain
hardening ability combination at 4.2 K is thus attributed to the
synergistic effects of the two shear transformation mechanisms,
which generate steady strain-hardening sources of coherent inter-
faces. More importantly, the dynamic evolution of two phases re-

laxes the local stress concentrations associated with dislocation ac-
cumulations along interfaces, preventing crack initiation and im-
proving ductility.

To demonstrate the strength-ductility effects associated with
the NL-DP structures, we tailored the microstructure of the fcc-
phase CrygMnygFeyqCoyoNiyy HEA by stretching up to a strain of
20% at 4.2 K and then tempering it at 773 K (less than recrys-
tallization temperature) for 1 h. In comparison, we also stretched
the alloy up to a strain of 20% at 298 K, and then tempered
the deformed sample at 773 K for 1 h. As shown in Fig. 9a, b,
the pre-straining at 298 K leads to an increase in yield strength
but reduces the ductility and strain-hardening capability. However,
the pre-straining at 4.2 K significantly improves the yield strength
and tensile strength without loss of strain-hardening capability
and ductility (Fig. 9a, b). The yield strength is about 525 MPa,
two times stronger than that of the annealed counterparts with-
out pre-straining (252 MPa). The uniform elongation is ~55%, the
same as the annealed counterparts. The failure characteristics of
the pre-strained sample at 4.2 K display typical ductile dimpled
structures without macroscopic necking (Fig. 9¢, d), which differs
from other ductile fcc HEAs whose fracture is induced by neck-
ing at room temperature. The different mechanical properties be-
tween the pre-strained samples at 298 K and 4.2 K are attributed
to their microstructures. The pre-strained sample at 298 K contains
high-density dislocations since plastic deformation is mainly ac-
commodated by dislocation slip [49], while the pre-strained sam-
ple at 4.2 K develops NL-DP structures with high-density interfaces
such as y-twin boundaries, y-¢ phase boundaries, and {1011} twin
boundaries.

When the pre-strained HEA at 4.2 K is deformed at room
temperature, the hcp phase formed during pre-straining plasti-
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Fig. 9. Room-temperature mechanical properties of the pre-strained samples. (a) The room-temperature tensile stress-strain curves of the 20% pre-strained (at 4.2 K and
298 K) and tempered samples, together with the annealed sample for comparison. (b) The corresponding strain-hardening curves of the annealed and pre-strained samples.
The pre-straining at 4.2 K shows a great potential to evade the strength-ductility dilemma. (c, d) Tensile fracture characteristics showing the ductile dimpled structures of
the sample after pre-straining at 4.2 K, without necking.

Fig. 10. Non-basal slip systems in hcp grains in the pre-strained sample after tension to fracture at room temperature. TEM images obtained under various two-beam
conditions, (a) at g=[0002], and (b) at g=[2110]. The dislocations marked by red lines are (c + a) dislocations. The dislocations marked by aqua lines are (c) dislocations.
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Fig. 11. Strengthening mechanism of the &-y -y, NL-DP structure. (a) Bright-field TEM image with SADP inset, and (b) corresponding HRTEM image showing the reverse
phase transformation from the hcp-¢ to fcc y/yw phases. (c) Low-magnification and (d) high-magnification of bright-field TEM images, with SADP inset, and (e) HRTEM
image of the 20% pre-strained (pre-strained at 4.2 K) sample after tension to fracture at room temperature, showing numerous SFs within &-y -y« NL-DP structure.

cally deform via dislocations and reverse phase transformation.
Fig. 10 shows dislocation activities in the hcp phase in the sam-
ple after tension to fracture. Based on the TEM characterizations
under two-beam conditions (g=[0002] and g=[2110]), (a), (c), and
(c + a) dislocations are observed, indicating the occurrence of both
basal slips and non-basal slips in hcp phase at room temperature.
This is in a good agreement with the previously reported ductile
high-entropy hcp phase in FeMnCoCr HEA [50].

Once reverse phase transformation happens locally, Shockley
partial or full dislocations on {111} planes non-parallel to the lam-
inates will interact with the pre-formed interfaces associated with
the laminated dual-phase structure, and dislocations will pile up
along the interfaces. As shown in Fig. 11a, b, the hcp phase in the
sample after tension to fracture partly transform to y /[y tw via mo-
tions of Shockley partial dislocations on basal planes. Due to the
low SFE and fine-scale laminates, Shockley partial dislocations will
dominate plastic deformation, generating a high density of SFs or
nanotwins in pre-formed laminates. The typical bright-field TEM
image of the 20%-strained sample (pre-strained at 4.2 K) show
high-density y primary nanotwins and secondary nanotwins, and
their intersections, but less hcp phase after tension to fracture at
room temperature, as shown in Fig. 11c with SADP inset. The TEM
(Fig. 11d) and corresponding HRTEM (Fig. 11e) images show the
formation of ultrahigh-density {111} SFs and their interactions be-
tween the twin boundaries. Therefore, reverse phase transforma-
tion (hcp — fcc), twin-twin interactions, SF-SF interactions, and
activities between twin boundaries and partial dislocations con-
tribute greatly to the enhanced strength, strain-hardening ability,
and ductility.

When {1011} twins are pre-induced in hcp grains, the hcp
phase exhibits high stability during deformation at room tem-
perature. Fig. 12a, b are the typical dark-field TEM images of

10

the pre-strained coherent nano-lamellar sample after tension to
fracture at 298 K, highlighted respectively by the {0001}, and
{111}, diffraction spots as indicated in corresponding SADP in
Fig. 12c. We note that the regions between {1011} nanotwins re-
tain hcp structure in the pre-strained sample after tension to frac-
ture at room temperature (Fig. 12a). The dark-field TEM image in
Fig. 12b and corresponding SADP in Fig. 12c demonstrates that
most of the {1011} twins have been transformed into fcc-y and
y-twins, which provides numerous deformation channels to pro-
mote the plastic deformation in hcp-¢ matrix during mechani-
cal loading at 298 K. As shown in Fig. 12d, the typical LAADF-
STEM image of the nano-laminated hcp-¢ phase shows a high-
density of nanoscale {1011} twins. Plastic deformation in {1011}
nanotwins is accommodated by Shockley partial dislocations on
close-packed planes and hcp — fcc shear transformation mech-
anisms, as evidenced in Fig. 12e, f. The high-resolution LAADF-
STEM image in Fig. 12e shows that the ultrahigh-density of y-
nanotwins and SFs subdivide the ~15 nm-wide {1011} twin into
a sub-1 nm-thick twin/SFs/matrix lamellar nanostructure. Fig. 12f
is a high-resolution LAADF-STEM image of the {1011} twin bound-
ary, where the surrounding e-matrix and {1011} twin has been
partly transformed into fcc structure with the orientation relation-
ship of [_llo]matrix // []10]twin and (111)matrix // (Ooz)twin- Note that
the {1011} twin exhibits much higher density of SFs and nano-
twins than that in the hcp matrix (Fig. 12d, e), indicating pro-
nounced motions of Shockley dislocations within {1011} twin, nu-
cleated from the {1011} twin boundaries. It should be noted that
the {1011} twin-matrix interface (indicated in Fig. 12f) is an uncon-
ventional ‘twin plane’ since the matrix and twin have been trans-
formed into the fcc structure. This special interface can have an
important strengthening effect by impeding the motion of disloca-
tions.
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Fig. 12. Strengthening mechanism of the {1011} twin boundaries. (a), (b) Dark-field TEM images of the 20% pre-strained sample after tension to fracture at room temperature
highlighted by ¢ and y [y w superlattice spots, respectively. (c) Corresponding SADP showing three sets of diffraction spots from ¢, y, and y . (d) Low-magnification and (e)
high-resolution LAADF-STEM images of the {1011} twins, showing the ~1 nm-thick y [y w/SFs nano-laminated structure within {1011} twin. (f) High-resolution LAADF-STEM
image showing that a {1011} twin transforms into fcc structure and the hcp matrix also transforms into fcc structure, and {111} nanotwins form in and out of the {1011}

twin.

4. Conclusion

We revealed two anomalous shear transformation mecha-
nisms at cryogenic temperature, featured by y — & — {1011}
twin - y[yw and ¥y — & — ¥/[Vtw, Which dynamically gen-
erate nano-laminated dual-phase structures in a single-phase fcc
CrygMnygFe)9CoygNiy HEA and advance the “dynamic Hall-Petch”
effect in improving strength, ductility, and strain-hardening capa-
bility. The y — & shear transformation is promoted by low SFE
at cryogenic temperature. The ¢— y reverse shear transforma-
tion is stimulated by the local dissipative heating. The small dif-
ference in cohesive energy between y and ¢ phases at low tem-
peratures enables the dynamically reversible shear transformation.
{1011} twinning accommodates plastic strain along the (c) in hcp
grains, while the local dissipative heating associated with {1011}
twinning promotes the reverse shear transformation. Our work
demonstrates that tailoring SFE and optimizing deformation tem-
perature could promote both shear transformation and correspond-
ing reverse shear transformation in metastable alloys and dynam-
ically develop laminated dual-phase structures which can simul-
taneously enhance the strength, strain-hardening capability, and
ductility.
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