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a b s t r a c t 

Grain boundary (GB) fracture is arguably one of the most important reasons for the catastrophic failure of 

ductile polycrystalline materials. It is of interest to explore the role of chemical distribution on GB defor- 

mation and fracture, as GB segregation becomes a key strategy for tailoring GB properties. Here we report 

that the inhomogeneous chemical distribution effectively inhibits GB fracture in a model CoCrNi medium 

entropy alloy compared to a so-called ‘average-atom’ sample. Atomic deformation kinematics combined 

with electronic behavior analysis reveals that the strong charge redistribution ability in chemical disor- 

dered CrCoNi GBs enhances shear deformation and thus prevents GB crack formation and propagation. 

Inspects on the GBs with different chemical components and chemical distributions suggest that not only 

disordered chemical distribution but also sufficient “harmonic elements” with large electronic flexibility 

contribute to improving the GB fracture resistance. This study provides new insight into the influence 

mechanism of GB chemistry on fracture behavior, and yields a systematic strategy and criterion, from 

the atoms and electrons level, forward in the design of high-performance materials with enhanced GB 

fracture resistance. 

© 2023 Published by Elsevier Ltd on behalf of The editorial office of Journal of Materials Science & 

Technology. 
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. Introduction 

Grain boundaries (GBs) are essential defects for polycrystalline 

aterials, playing a key role in the unexpected fracture of mate- 

ial by acting as preferential sites for damage nucleation and prop- 

gation. An intuitive example is the significant embrittlement of 

anocrystalline metals characterized by a large volume fraction of 

B regions [1–4] . GBs act as dislocation sources and sink simulta- 

eously during plastic deformation, all of which can lead to dam- 

ge and fracture at boundaries [5–10] . These GB-dislocation inter- 

ction induced GB damage and fracture are also responsible for 

tress corrosion cracking [11–13] and fatigue fracture [ 14 , 15 ] in 

etallic structural materials. Furthermore, the segregation of im- 

urities on GB can often reduce the GB cohesion significantly and 

hus lead to intergranular brittleness [16–22] . Therefore, it is still of 

nterest to study the GB fracture behavior of ductile metals, since 

B damage happens in many service scenes. Abundant studies on 
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he intergranular fracture mechanism elucidated that the ductile 

r brittle response of GB to crack propagation depends upon the 

B misorientation [ 7 , 23 , 24 ], GB chemistry [25–28] , GB complex-

on [ 17 , 29-31 ] and crack advance direction [32–34] . Ultimately, GB 

racture is fundamentally atomistic in nature, manifested by the in- 

bility of GB atomic strains to be adequately accommodated by lo- 

al atomic rearrangements. 

As such, it is natural to propose that GBs with a strong 

bility to accommodate atomic strain are desired to restrain 

B fracture. This idea has been substantiated by the fact that 

u/CuZr nanocrystalline-amorphous nanolaminates can exhibit su- 

erior tensile ductility than nanocrystalline Cu alone, which can be 

ttributed to the high-capacity sinks for dislocation of the disor- 

ered amorphous intergranular film [ 35 , 36 ]. Impaired by these, Ru- 

ert and coauthors successfully improved the ductility of nanocrys- 

alline Cu-Zr alloys to a high fracture strain of 56% by introducing 

morphous intergranular films in GBs [ 2 , 37 ]. Recently, Wei et al. 

lso found that amorphous ceramic grain boundaries in nanocrys- 

alline nickel can coordinate deformation and thus improve plas- 

icity of nanocrystalline nickel [38] . The finding that disordered GB 

tructures can improve plasticity by delaying or preventing crack 
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ormation provides a new strategy to suppress GB fractures, which 

s promising for improving mechanical properties through GB en- 

ineering. 

The excellent fracture resistance of such disordered GBs is most 

ommonly attributed to their large GB excess free volume, which 

nhances the atomic shuffling events during GB-dislocation inter- 

ctions and thus mitigates damage. However, it has been found 

hat the introduction of non-equilibrium GBs with large excess 

ree volume in elemental tungsten cannot suppress the intergran- 

lar fracture [39] . This suggests that the GB excess free volume 

lone, which is sensitive to the GB topological features, may not 

e the only factor determining the GB fracture resistance. Indeed, 

he aforementioned disordered GB structures are often obtained by 

lement segregation, where the topological disorder and chemical 

isorder are coupled together. It is thus of interest to explore the 

ole of inhomogeneous chemistry distribution on the GB deforma- 

ion and fracture, since GB can be concentrated in multi-principal 

olution with disordered chemistry even if in a dilute multicom- 

onent alloy [40] . Given the tendency that changing the GB chem- 

stry becomes one of the key strategies for tailoring GB properties, 

t would be meaningful if we could specify how the GB chemistry 

ffects the GB fracture response. 

The recently emerging high/medium entropy alloys (H/MEAs) 

r called complex concentration alloys (CCAs) can serve as good 

odel systems for studying such issues, because their intrinsic 

hemical inhomogeneity is beneficial to decouple the entangled 

opological and chemical disorder. It was found that CoCrNiFeMn 

EA and its derivations exhibit a rapid decrease in ductility by in- 

ergranular fracture at intermediate temperatures due to the nano- 

lustering of multi-principal elements in GB [ 41 , 42 ]. Yang et al.

iscovered that nanoscale chemical disordered GB layer driven by 

ulti-element co-segregation can effectively prevent brittle inter- 

ranular fractures by enhancing dislocation motilities in a NiCo- 

ased HEA with ordered superlattice structure [43] . These results 

eem to highlight the role of chemical inhomogeneity in inhibiting 

B fracture. It still needs to clarify how the chemical inhomogene- 

ty controls the GB atomic shuffling and fracture mode. Such in- 

ormation is important for the design of suitable GB chemistry for 

nhancing GB strength and toughness in the infinite composition 

pace of HEAs. 

Precise characterization of atomic motion and cracking events 

ithin GB by experimental observations is an extremely difficult 

nterprise, especially for the HEAs that exhibit severe structure 

istortion and chemical fluctuations [ 17 , 44-46 ]. Atomistic com- 

uter simulations, in this respect, allow one to focus on the atomic 

eformation evolutions and interactions, and have proven to be 

n invaluable tool for the study of GB behaviors [ 6 , 7 , 18 , 33 , 34 , 47-

1 ]. We therefore resort to MD simulations combined with first- 

rinciples DFT calculations here, to elucidate the atomic and elec- 

ronic level origin and pathway of GB deformation and fracture. 

or simplicity, we take the ternary NiCoCr medium entropy alloy, 

hich exhibits an excellent combination of mechanical properties 

ncluding high strength, large ductility, and high fracture toughness 

t ambient-to-cryogenic temperatures [52–55] , as a model system 

o minimize the complex element interactions while retaining its 

isordered chemistry. 

. Methods 

.1. Molecular dynamic GB tension simulation 

Several symmetrical tilt GBs including �17(140)[001], 

29(730)[001] and �5(210)[001], which have the same [001] 

ilt axis, but different tilt angles, were chosen as model systems 

epresenting typical high-angle GB and different spatial arrange- 

ents of polyhedral packing units. The bi-crystal models contain 
229 
wo identical symmetrical tilt GBs separated by a sufficient thick- 

ess of ∼18 nm, as shown in Fig. 1 (a). A wire geometry is used

ere to allow for shear offsetting and necking. The cylindrical wire 

amples containing ∼10 0 0,0 0 0 atoms with a diameter of 19 nm 

nd height of 36 nm were cut from the initial bi-crystal blocks, as 

llustrated in Fig. 1 (a). To create chemically disordered GB chem- 

stry, the lattice is randomly occupied by Ni, Co and Cr with equal 

olar ratios (see Fig. 1 (b)). The bi-crystal samples are remodeled 

o pseudo-element models by adopting the derived hypothetical 

ure average-atom interatomic potential which bears the same 

ulk properties of equiatomic CrCoNi HEA but no chemical fluc- 

uation [ 56 , 57 ], to eliminate the effect of chemical inhomogeneity 

see Fig. 1 (c)). For �5(210)[001] GB, three different GB atomic 

opological structures are considered, which are obtained by GB 

tructural transition via isothermal annealing at different tem- 

eratures, as detailed in Ref. [45] . They include orderly “Kite”

tructure units (labeled R-K/A-K GB), partially ordered “Filled Kite”

R-FK/A-FK GB) and disordered “pre-melting” (R-PM/A-PM GB) 

tructures (see Fig. 2 ). 

MD simulations were performed using the Large-scale 

tomic/Molecular Massively Parallel Simulator (LAMMPS) package 

58] with a DFT-calibrated embedded-atom potential for CrCoNi 

EAs by Li et al. [59] . Periodic boundary conditions were applied 

n the y direction, and the free-boundary condition was applied 

n the x and z direction. The models were deformed under tensile 

oading by applying a constant strain rate of 10 8 s −1 perpendicular 

o the GB plane ( y direction) by using the NVT ensemble equations 

f motion for a temperature of 10 K, at which thermal perturba- 

ions and GB diffusion are somewhat suppressed. The visualization 

f the atomic configurations was performed using the Polyhedral 

emplate Matching (PTM) method [60] implemented in the OVITO 

oftware [61] . 

.2. Molecular statics mode-I crack propagation simulation 

We also examine the explicit simulation of crack-tip processes 

y using a mode-I crack propagation simulation based on molec- 

lar statics, taking various �5 (210) GBs as examples. Cylindrical 

i-crystal configuration with a radius of 19 nm and thickness of 

8 nm containing a �5 (210) GB along the central plane is adopted 

ere, as shown in Fig. 1 (d). Before the loading process, an atom- 

cally sharp crack is introduced at the center by displacing the 

toms according to the linear-elastic (LEFM) solution for the near 

eld displacements around a crack tip under plane-strain condi- 

ions [62] : 

 x = 

K I 

G 

√ 

r 

2 π
cos 

(
θ

2 

)[
1 − 2 v + si n 

2 

(
θ

2 

)]
(1) 

 y = 

K I 

G 

√ 

r 

2 π
sin 

(
θ

2 

)[
1 − 2 v + co s 2 

(
θ

2 

)]
(2) 

here K I is the mode-I stress intensity factor, r and θ are the cylin- 

rical coordinates with the crack tip position. G is the shear mod- 

lus and ν is the Poisson’s ratio, both of which values are very 

lose in CrCoNi potential and average-atom potential, as shown in 

able 1 . 

The crack is loaded by assigning an incremental displace- 

ent field according to the mentioned LEFM equation, which 

orresponds to an increment of stress intensity factor by 

K I = 0.01 MPa m 

1/2 , based on the position of a new crack tip, 

tep by step. After that, the crack configuration is relaxed with the 

IRE algorithm with a convergence criterion of 10 −8 eV/ ̊A, when 

he atoms in the boundary layer (with a thickness of 10 Å) were 

ept fixed in order to prescribe the predefined stress intensity 
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Fig. 1. (a) Bi-crystal wire model containing two identical GBs. The surface atoms are removed to exhibit GB position: (b) representative GB structure with random chemical 

distribution, (c) representative GB structure with average atom potential. The blue, yellow and green spheres denote Co, Cr and Ni, respectively. (d) Schematic illustration of 

the setup for simulations of mode I grain boundary cracks. 

Fig. 2. Magnification of the GB structures for (a–e) average-atom GBs and (f–m) chemical disordered GBs after relaxation. Established repeating structural units are indicated 

by black lines. 

Table 1 

Bulk modulus ( B ), Shear modulus ( G ), Poisson’s ratio ( ν), intrinsic ( γ isf ) and unstable ( γ usf ) 

stacking fault energy calculated by CrCoNi potential and average-atom potential. 

Sample B (GPa) G (GPa) ν γ isf (mJ/m 

2 ) [56] γ usf (mJ/m 

2 ) [56] 

Random 203.3 71.84 0.355 −14.97 310.34 

average-atom 208.3 77.46 0.346 −25.46 321.34 

230
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hile the atoms belonging the inner region are allowed free evolu- 

ion under the constraints of the boundary region. Periodic bound- 

ry conditions are used along the cylinder axis, which corresponds 

o the crack front direction and the GB tilt axis ([001] direction). 

.3. First-principles calculations 

To further study the physical mechanisms of GB atomic de- 

ormation, DFT calculations were carried out using a plane wave 

ethod, as implemented in the Vienna Ab initio Simulation Pack- 

ge (VASP) [63] . A category of quasi random (210) surface super- 

ells containing 120 atoms was generated through a Monte Carlo 

MC) algorithm using the Alloy Theoretic Automated Toolkit (ATAT) 

ackage developed by Alex van de Walle et al. [64] . These random 

210) surface supercells were then transformed symmetrically to 

reate the sandwich �5 (210) STGB supercells with Kites GB con- 

guration. 

The quasi-static tensile simulations are conducted using a 

ethod described previously by Roundy et al. [65] . The lattice vec- 

ors of the supercells are deformed incrementally in the direc- 

ion orthogonal to the GB plane. At each deformation step, the 

tructure and atoms are relaxed such that all the average resid- 

al components of the Hellmann-Feynman stress tensor orthogo- 

al to the applied strain and the average force on each atom are 

elow 0.1 GPa and 0.01 eV/ ̊A, respectively, while keeping the ap- 

lied strain fixed. A gradient-corrected functional in the Perdew- 

urke-Ernzerhof (PBE) form was used to describe the exchange and 

orrelation interactions in DFT [66] . Electron-ion interactions were 

reated within the projector-augmented-wave (PAW) method [67] . 

 sufficiently high energy cutoff of 380 eV was adopted for the 

lane-wave basis set expansion. Brillouin zone integrations were 

erformed using 3 × 3 × 1 Monkhorst-Pack k-point grids. In the 

nergy minimization process, structures were optimized until the 

tomic forces become less than 0.01 eV/ ̊A. Collinear spin polariza- 

ion (ISPIN = 2) is enabled in all the calculations. 

. Results and discussion 

.1. Effect of chemical inhomogeneity on GB structure 

We begin by investigating the relaxed GB atomic structures 

ith random chemical distribution and pseudo-elemental chem- 

stry, where the total atomic number is equal. A magnified view 

f the various GB structures is shown in Fig. 2 . For the equilibrium

Bs with different misorientations, all the pseudo-elemental GBs 

xhibit a regular GB structure with continuously repeating struc- 

ural units (SUs) ( Fig. 2 (a–c)), as marked by black lines. The chem-

cal disordered GBs ( Fig. 2 (f–h)) show these repeating units as well, 

espite the interior angles of such kite shapes structural units be- 

ng slightly different. This suggests that the disordered chemical 

istribution cannot drastically alter the equilibrium GB structure. 

imilar result was also found in the �11(332)[110] STGB for Cu- 

iCoFe HEA [68] . By comparing the structure for a series of ran- 

om [110] tilt GBs, Farkas [69] demonstrated that the chemical dis- 

rdered GBs exhibit less local non-planar structures and average 

islocation content than the corresponding ‘‘average atom’’ GBs. 

e failed to observe similar results since the dislocations are in 

blique planes in the [100] tile GBs studied here, which are diffi- 

ult to form only by structural relaxation. Even so, apparent struc- 

ural distortions are found in the chemical disordered GBs, result- 

ng in extra unidentified atoms and even affecting the GB width. 

uch distortion can be contributed to the apparent difference in 

nteratomic bond length between different atom pairs [45] . 

Fig. 2 (c–e) and (h–k) shows the atomic structure of �5(210) 

Bs with various topological structures and chemical distributions. 

n comparison, the effect of chemical disorder on GB structure is 
231 
ore pronounced with increasing topological disorder. As men- 

ioned, the introduction of chemical disorder on the ordered A- 

 GB leads to only moderate structural distortions without fun- 

amental structural changes. Despite the shape of the structural 

nits being overall similar for A-FK and R-FK GB, the atomic pack- 

ng within the structural units is severely distorted and more dis- 

rdered for R-FK GB, presenting a semi-disordered topological dis- 

ribution (see Fig. 2 (d) and (i)). For the topological disordered PM 

Bs, the chemical randomness leads to a higher width and atomic 

ensity, as shown in Fig. 2 (e) and (k). These suggest that chemi- 

al disorder aggravates structural disorder. Even so, the topological 

isorder for these GBs is roughly with the order of A- K < R - K < A -

K < R -FK < A -PM < R -PM, suggesting that chemical disorder does not

hange the topological state fundamentally. 

.2. Overall damage evolution 

Fig. 3 shows the tensile stress-strain behavior of the various 

onsidered GB configurations. Interestingly, the overall trend of 

tress-strain response can be classified by GB chemistry rather 

han GB type and GB atomic topological distribution. After the ini- 

ial stress drop, the pseudo-element bi-crystals exhibit a signifi- 

ant strain softening behavior, manifested as a continuous decrease 

f flow stress with strain as shown in Fig. 3 (a) and (c). In con-

rast, for chemical disordered bi-crystals, a stress plateau is ob- 

erved after initial stress drops, resulting in a higher failure strain, 

ee Fig. 3 (b) and (d). This stress plateau corresponds to a stable 

lastic flow process. The distinct stress-strain response indicates a 

ifferent deformation or failure mode between pseudo-elemental 

nd chemical disordered GBs. The observation on the deforma- 

ion snapshots near the failure stage reveals that all the consid- 

red pseudo-elemental GBs are fractured by cracking, including 

he various GBs with different misorientations (see Fig. 3 (a)), and 

he same GB with different topological structures where the thick- 

ess, atomic arrangement and atomic density are quite different 

see Fig. 3 (b)). This suggests that under this pseudo-elementary 

B chemistry, the GB fracture properties cannot be fundamentally 

hanged by altering atomic topological distribution alone, even if 

opological disordered structures are formed. A similar result was 

ound in elemental tungsten, where disordered GBs with large ex- 

ess free volume failed to suppress intergranular fracture [39] . In 

ontrast, the fracture mode can change abruptly by introducing 

hemical inhomogeneous, as demonstrated by the distinct fracture 

ehavior between A-K and R-K GBs that exhibit the same ordered 

B atomic stacking but different GB chemical distributions. Indeed, 

ll the chemical disordered GBs are uncracked even if the corre- 

ponding bi-crystals are fractured by intragranular necking at large 

train. These results highlight the decisive role of chemical hetero- 

eneity in inhibiting GB fracture. 

For simplicity, in the following analysis, we focus on the six 

5(210) GBs with different chemical distributions and topologi- 

al structures. Fig. 4 shows the detailed structural evolution of 

-PM GB and R-PM GB, which represent the pseudo-elementary 

nd chemical disordered GB respectively. In the early stage of plas- 

ic deformation, these two classes of GBs exhibit similar evolution 

rocesses. In both GBs, dislocations are initiated from the interior 

f the GB rather than from the free surface, suggesting that the 

ncipient plastic behavior is not affected by the presence of high 

nergy surfaces within the circular nanowire geometries. As the 

train increases, more dislocations emanate from GBs and propa- 

ate inside until annihilation at free surfaces. After that, a crack is 

ucleated at the intersection of free surface with A-PM GB, which 

ropagates continuously along GB and causes fracture eventually 

see the last two frames in Fig. 4 (a)). Conversely, the R-PM GB 

s deformed homogeneously without any obvious cracks or voids, 

nd necking instability occurs at the interior of grain finally (see 
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Fig. 3. Tension stress-strain responses of various GB configurations. (a) Pseudo-element GBs and (b) chemical disordered GBs with different GB types; (c) Pseudo-element 

GBs and (d) chemical disordered GBs with the same GB type but different atomic topological structures obtained by annealing of �5(210) GB. The deformation snapshots 

near the failure stage are provided inset, in which the FCC, HCP and amorphous structures are colored in purple, cyan and gray, respectively. The surface atoms (with a 

thickness of 5 Å) are deleted for easy observation. 
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ig. 4 (b)), suggesting a strong GB deformability for these chem- 

cal disordered GBs. The statistical results of dislocation number 

ear GB show that there is no significant difference in disloca- 

ion density between A-series and R-series models, which can also 

e inferred from their approximate stacking fault energy shown in 

able 1 . Therefore, the different fracture behavior between R-series 

nd A-series GBs is caused by the chemical disorder. 

In order to give a more quantitative sense of the toughening ef- 

ect of disordered GB chemistry, we have traced the damage evo- 

ution for all the considered �5(210) GBs. A surface atom tech- 

ique based on the distribution of Voronoi volumes is adopted to 

uantify the GB damage evolution, since the formation of cracks 

r voids leads to an increase in atomic Voronoi volume. A thresh- 

ld Voronoi volume of 17 Å 

3 , larger than the average value of 10–

5 Å 

3 in equilibrium, was used to identify the GB-damaged atoms. 

ig. 5 (a) shows the number of void atoms as a function of strain

or each GB. A significant increase in the number of voids is found 

n the pseudo-element GBs after ∼7% strain, at which point abun- 

ant dislocations have formed in the GBs (see Fig. 4 ). This sug- 

ests that the nucleation of cracks is related to the GB-dislocation 

nteraction at the early deformation stage. Inversely, only a small 

raction of voids are identified in the chemical disordered GBs af- 

er large deformation, which are associated with necking-induced 

urface damage. 

The formation of GB voids and cracks usually has been at- 

ributed to the strain/stress localization caused by GB-dislocation 
232 
nteraction [ 70 , 71 ]. It has also been suggested that the high stress

riaxiality η, which is defined as the ratio of the hydrostatic stress 

o the von Misses effective stress, is the driving force for the for- 

ation and growth of void and crack [ 37 , 72-75 ]. A large η de-

otes a hydrostatic stress domination state, which is apt to void 

nd crack growth. Otherwise, shear deformation dominates for a 

mall η value. As demonstrated in Fig. 5 (b), a concentrated high η
egion is observed within A-PM GB region, which could produce a 

oid immediately with a very small increment in the applied strain 

6.9% to 7.0%). This suggests that stress triaxiality η can be used to 

haracterize the damage-related atomic property. 

We calculated the average stress triaxiality η in both the 

seudo-element and chemical disordered GBs as a function of ap- 

lied strain, and the results are shown in Fig. 6 (a) and (b) respec-

ively. Overall, the peak stress triaxiality η in pseudo-element GBs 

s much higher than chemical disordered GBs, corresponding to the 

forementioned results that pseudo-element GBs are more apt to 

rack. A closer comparison reveals that both the initial and the in- 

remental η values in pseudo-element GBs are much higher than 

hat of corresponding chemical disordered GBs. Fig. 6 (c, d) shows 

he spatial distribution of stress triaxiality η at various strain states 

or A-PM and R-PM GBs. Initially, the η in GBs is higher than intra- 

ranular, indicating that GBs are more vulnerable to damage nucle- 

tion. As the GB dislocation increases, the concentrated high stress 

riaxiality is alleviated in some GB regions due to atomic shear de- 

ormation. Even so, the remainder high η region in A-PM GB still 
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Fig. 4. Snapshots of (a) A-PM and (b) R-PM bicrystal with �5(210) GB at different deformation stages. Images are colored according to the CNA parameter. Atoms colored 

purple are the FCC atoms; cyan represents the HCP atoms; structures other than FCC and HCP are colored gray. The surface atoms (with a thickness of 5 Å) are deleted for 

easy observation. 

Fig. 5. Formation and evolution of voids in GBs: (a) void volume fraction for all considered GBs as a function of strain, along with the distribution of void atoms in A-PM 

GB at ε = 7.0%, (b) the distribution of stress triaxiality η in the A-PM bicrystal at the strain of 6.9%, (c) a larger version of high η region in Fig. 5 (b) (indicated by the black 

box), (d) the high η region at a slightly higher strain ε = 7.0%. 
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romotes the nucleation of voids, which, in turn, leads to a high η
egion ahead of the crack tip, as shown in Fig. 6 (c). As such, voids

onstantly form ahead of crack tip with high η, driving crack prop- 

gation. While for chemical disordered GBs the peak η value is rel- 

tively lower, suggesting a shear dominate atomic deformation that 

revents void or crack formation. As shown in Fig. 6 (d), although 

he η in GB is also slightly higher than the interior, there is no 

bvious high η concentrated region in the representative R-PM GB. 

ased on the above analysis, the high stress triaxiality accumulated 

uring the early deformation is responsible for the nucleation of 

oids in these pseudo-element GBs. 
233
.3. GB crack propagation 

In order to exclude the possible highly over-driven situation 

or crack propagation during high strain rate MD loading, we per- 

ormed a mode-I crack propagation simulation based on molecu- 

ar statics by using a K-test methodology [ 34 , 76 , 77 ]. Fig. 7 plots

he GB crack propagation distance as a function of applied stress 

ntensity factor. As shown, the crack propagation distances in the 

hemical disordered GBs are far less than pseudo-elemental GBs, 

egardless of atomic topological distribution and crack direction. 

his clearly demonstrates the strong fracture resistance of chem- 
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Fig. 6. Evolution and spatial distribution of stress triaxiality η in both the pseudo-element and chemical disordered GBs. (a) η in pseudo-element GBs as a function of strain, 

(b) η in chemical disordered GBs as a function of strain, (c) spatial distribution of η in A-PM GB at various strain states, (d) spatial distribution of η in R-PM GB at various 

strain states. 

Fig. 7. (a) Pseudo-elemental and (b) chemical disordered GB crack advances as a function of applied stress intensity along [ ̄2 1 0 ] and [ 2 1̄ 0 ] directions. 
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Table 2 

Theoretical cleavage stress intensities for all grain 

boundaries studied here. 

GB K IG (MPa m 

1/2 ) GB K IG (MPa m 

1/2 ) 

A-K 0.89 R-K 0.82 

A-FK 0.65 R-FK 0.69 

A-PM 0.47 R-PM 0.52 
cal disordered GBs, which is in qualitative agreement with the re- 

ults observed in direct GB tension simulations. To understand this 

rend in theory, we calculated the critical stress intensity factor 

 K IG ) according to the Griffith theory for all considered GBs and 

he results are listed in Table 2 . As shown, the theoretical cleav- 

ge stress intensity factor is more sensitive to GB topology than 

hemistry, in which the K between counterpart pseudo-element 
IG 

234 



F. Cao, Y. Chen, H.-Y. Wang et al. Journal of Materials Science & Technology 153 (2023) 228–241 

a

i  

i

o

t

c

t

b

e  

m

a

t

l

t

w

g

G

F

c

i

f

p

t

a

a

t

d  

t

c

d

a

b

s

c

c

t

e

e

�

s

a

o

o

c

t

I

t

c

c

d  

t

c

f

t

i

t

b

r

c

c  

t

s

s

s

t

c

p

e

i

f

a

v

w

c

s

t

a

t

u

d

o

t

v

f

m

t

t

t

c

t

l

t

t

t

p

d

g

a

f

h

a

T

a

i  

g

t  

i

G

i

c

t

I

p

r

a

i

r

t

o

3

r

r

f

t

nd chemical disordered GBs is very close and it decreases signif- 

cantly with the increase of disorder with the order of K > FK > PM

n both. Indeed, the Griffith criterion for crack propagation in terms 

f continuum properties neglects the underlying atomic nature and 

he complex low-energy surface topography that changes the local 

rack tip stress intensity. At atomic scale, crack-propagation resis- 

ance should be characterized by the force required to break the 

onds directly at the crack tip region rather than a global en- 

rgetic criterion [ 18 , 25 , 34 ]. The complex discrete atomic arrange-

ent within GB provides many high toughness regions that can 

rrest the crack tip and thus require a higher stress intensity fac- 

or for crack growth, as so-called bonding trapping effect. In this 

ight, the discrepancy between theoretical predictions and simula- 

ion results actually reflects the complex interactions of GB atoms, 

hich would be more pronounced in the chemical disordered GBs. 

Fig. 7 also shows a significant difference in the trend of crack 

rowth curves between pseudo-elemental and chemical disordered 

B, suggesting a different crack propagation path between them. 

or pseudo-elemental GBs, the crack propagation distance in- 

reases stair-stepping with increasing stress intensity. This trend 

s somewhat disturbed in topological disordered APM GB, which 

urther weakened in chemical disordered GBs. Furthermore, crack 

ropagation in pseudo-elemental GBs exhibits an apparent direc- 

ional anisotropy and topological dependence, as manifested by the 

pparent difference in crack growth rate for different directions 

nd GB topologies in Fig. 7 (a). While for chemical disordered GBs, 

he crack growth rate is independent of atomic topology and crack 

irection, as shown in the inset of Fig. 7 (b). All of these suggest

hat the chemical distribution characteristic of GB atoms is a cru- 

ial factor in GB fracture for such HEAs, overwhelming the crack 

irection and the GB topology. 

The stair stepping of crack advance in A-K and A-FK GBs can be 

ttributed to the periodicity of the structural unit, in which the 

ond-breaking energy is different in different sites within these 

tructural units [25] . Usually, the directional anisotropy of a crack 

an be explained by means of Rice theory which defined a criti- 

al stress intensity factor for dislocation nucleation on a slip sys- 

em available at the crack tip, which depends on the relative ori- 

ntation between the slip system and crack system [78] . How- 

ver, there are no slip planes containing the crack front in current 

5(210)GB so that any emission is on oblique planes, which is out- 

ide the scope of the Rice theory [18] . Therefore, the directional 

nisotropy of GB crack propagation can be understood in terms 

f the bond trapping effects. But this does not imply the absence 

f bond trapping effects in topology disordered APM GB and all 

hemical disordered GBs, although the periodicity and the direc- 

ionality of crack propagation are diminished or even disappeared. 

nstead, it can be understood by considering the random distribu- 

ion of high energy trapping sites in these disordered GBs. 

Figs. 8 and 9 show the key atomistic configurations during 

rack propagating along [ 2 1̄ 0 ] direction of pseudo-elemental and 

hemical disordered GBs, respectively. As shown in Fig. 8 (a1), or- 

ered A-K GB begins to cleave at 0.92 MPa m 

1/2 , which is close to

he theoretical value predicted by Griffith theory. After that, the 

rack propagates discontinuously with increasing stress intensity 

actor. For A-FK GB, the critical stress intensity for crack propaga- 

ion is 0.97 MPa m 

1/2 , 50% higher than the theoretical value shown 

n Table 2 . After that, a local atomic rearrangement occurs at crack 

ip, which hinders the crack from propagating until the load has 

een increased to 1.15 MPa m 

1/2 . This rearrangement process is 

epeated for loading and results in a gentle stepwise advance of 

rack tip. Similar processes are found in the A-PM GB, in which 

rack begins to advance at a high load of 1.12 MPa m 

1/2 that more

han twice the predicted theoretical value. The large stress inten- 

ity factor for crack propagation in A-FK and A-PM GB suggests 

trong lattice trapping effects and fracture resistance in them. It 
235 
hould be noted that for these pseudo-element GBs in both direc- 

ions, there is no dislocation emission from the crack tip until the 

omplete fracture. This may relate to the fact that there are no slip 

lanes containing the crack front in current �5(210) GB that any 

mission is on oblique planes, which requires high loads exceed- 

ng the fracture thresholds for them. Therefore, the trapping ef- 

ect exhibited in the A-FK and A-PM GBs may arise from the local 

tomic rearrangement at crack tip, which leads to local plasticity 

ia atomic shear. 

Fig. 9 shows the crack evolution in chemical disordered GBs 

ith increasing stress intensity. As shown, the cracks in all the 

hemical disordered GBs advance very slowly even under a high 

tress intensity. Examining the atomistic configurations reveals that 

he crack tips undergo substantial reconstruction and form a local 

morphous region with increasing loads. Similar amorphization at 

he crack tip was also observed in CrMnFeCoNi HEA by MD sim- 

lations [79] and experiment [80] . It should be noted that partial 

islocations can be observed ahead of the crack tip at a higher load 

f ∼1.4 MPa m 

1/2 in R-K and R-FK GBs along [ ̄2 1 0 ] direction. Even 

hough, the obvious tip reconstruction is the main reason for pre- 

enting crack propagation, since the emission of dislocation results 

rom the combination effect of high stress state and rearrange- 

ent of crack tip atoms. Such tip reconstructions not only change 

he crack tip geometry and topology, i.e. blunting and amorphiza- 

ion, but also diminish the stress concentration around crack tips 

hrough a complicated “plastic” process. In turn, these amorphous 

rack tip regions can trigger atomic plastic deformation through 

he ongoing operation of the shear transformation zones during 

oading. This may be responsible for the absence of dislocation in 

he crack tip for highly amorphous R-PM GBs. All of these reduce 

he driving force for crack propagation and thus prevent it effec- 

ively. By comparison, the atomic rearrangements at crack tips for 

seudo-elemental GBs are very limited even if in the topological 

isordered A-PM GB. This suggests that the GB chemical hetero- 

eneity effectively facilitates structural rearrangement at crack tip 

nd hence prevents crack propagation. 

Recall that high stress triaxility is an important driving force 

or crack nucleation and growth. The distinct crack propagation be- 

avior of pseudo-elemental GBs and chemical disordered GBs can 

lso be explained by their different stress states of crack tip atoms. 

ake the R-K GB under stress intensity factor of 1.00 MPa m 

1/2 as 

n example, we plotted the stress triaxiality distribution along GB 

n Fig. 10 (a). An obvious stress peak appears at the crack tip, in

ood agreement with the results observed in GB tensile simula- 

ions shown in Fig. 6 . Fig. 10 (b) shows the evolution of the max-

mum of stress triaxiality in crack tips for all considered �5(210) 

Bs. Interestingly, the stress triaxiality undulates periodically with 

ncreasing stress intensity factor, in which the drop points roughly 

orrespond to the crack advance processes. All of these highlight 

he dominant role of high stress triaxiality on crack propagation. 

n current K-test simulations, a larger normal tensile stress com- 

onent is required to endow Model I fracture [81] , resulting in a 

espective high tip stress triaxiality. Nonetheless, the tip stress tri- 

xiality in chemical disordered GBs is still much lower than that 

n pseudo-elemental GBs, again in agreement with the MD tension 

esults, indicating a much lower driving force for crack propaga- 

ion and thus much slower crack growth rate for the chemical dis- 

rdered GBs. 

.4. Atomic mechanism for preventing GB fracture 

Note that the considered NiCoCr MEA models are obtained by 

andom occupying of different elements without any intended seg- 

egations. Even so, these random NiCoCr GB models show opposite 

racture behaviors of the pseudo-elementary GBs. This highlights 

he positive effect of disordered chemical distribution on fracture 
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Fig. 8. Process of an intergranular crack propagation in A-K (a1–a4), A-FK (b1–b4) and A-PM (c1–c4) GBs along [ 2 1̄ 0 ] direction. Atoms colored by Common Neighbor 

Analysis (Blue: FCC; Orange: others). 

Fig. 9. Process of an intergranular crack propagation in R-K (a1–a4), R-FK (b1–b4) and R-PM (c1–c4) GBs along [ 2 1̄ 0 ] direction. Atoms colored by Common Neighbor 

Analysis (Blue: FCC; Orange: others; Green: HCP). 
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esistance. To understand the atomic origin of the chemical dis- 

rder controlled GB toughening, a comprehensive analysis of the 

B atomic kinematics such as slip vector [82] , dilatation and shear 

actors [83] is performed based on the GB tensile results. Fig. 11 (a)

hows the dependence of average GB atom slip vector on the ap- 
236 
lied strain, in which the surface atoms (with a thickness of 5 Å) 

re deleted to eliminate surface effects. The atomic slip vector de- 

nes the relative displacement between atoms and their surround- 

ngs, and can be calculated by S α = − 1 
n s 

∑ n 
β � = α( x αβ − X αβ ) , where 

 is the number of nearest neighbors of atom α and n is the num-
s 
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Fig. 10. Distribution and evolution of stress triaxiality among all considered GBs. (a) Distribution of stress triaxiality within GB as an example of RK GB under stress intensity 

factor of 1.00 MPa m 

1/2 . (b) Evolution of the maximum of stress triaxiality in crack among all considered GBs. 

Fig. 11. (a) Variation of average atomic slip vector versus applied strain, the inset shows magnified regions before void nucleation. (b) Dilatation-shear ratio as a function of 

strain. 
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tance for chemical disordered GBs. 
er of slipped nearest neighbors, superscript αβ denotes the inter- 

tomic vectors of atom α and β , and x αβ - X αβ represent the vector 

ifferences of αβ between deformed and reference configurations. 

s shown in Fig. 11 (a), the atomic slip vector in all the �5(210)

Bs increases slowly with strain in early stage, followed by a rapid 

ncrease due to dislocation emission. Thereafter, the slip vectors in 

he pseudo-element GBs increase continuously due to GB crack for- 

ation and propagation, while it tends to be constant for chemical 

isordered GBs. As shown in the inset of Fig. 11 (a), the slip vec-

ors in the GBs with similar topology are comparable at the initial 

eformation stage that controls the stress triaxiality accumulation 

nd thus damage nucleation, in which the slip vectors in topolog- 

cal full disordered GBs (A-PM and R-PM) are higher than others. 

his suggests that the atoms in topology disordered GBs possess a 

igher mobility and promote GB atomic shuffling. 

The minor difference in the slip vector between A-series and R- 

eries GBs at the damage incubation stage suggests that the atomic 

isplacement behavior alone is insufficient to explain the large 

ifference in the fracture behavior between pseudo-element and 

hemical disordered GBs. Actually, the deformation of GB atoms is 

ntertwined by atomic shear and dilatation or contraction, where 

he atomic shear reflects the degree of plastic deformation while 

tomic dilatation contributes to crack/void formation [ 73 , 84 ]. To 

haracterize the relative degree of atomic shear deformation and 
237 
ilatation, we calculate the ratio of dilatation factor to shear factor 

named dilatation-shear ratio), which are calculated by introducing 

he scalar products of decoupling shear and dilatation deformation 

ensors [83] . This dilatation-shear ratio can also qualitatively re- 

ect the stress triaxiality, since both reflect the competition be- 

ween atomic shear and expansion. 

Unlike the slip vector, the atomic dilatation-shear ratio depends 

n the GB chemistry rather than the GB topology, as indicated by 

he distinct fracture modes between A-series and R-series GBs. At 

he damage incubation stage, the dilatation-shear ratios in pseudo- 

lement GBs are significantly higher than that in chemical disor- 

ered GB, regardless of the GB topology, as marked by the dot- 

ed box and enlarged in the inset of Fig. 11 (b). After that, the 

ilatation-shear ratio in pseudo-element GBs increases continu- 

usly and rapidly, which is associated with the continuous void 

ormation and crack propagation. However, for chemical disordered 

Bs, the dilatation-shear ratio fluctuates around a constant value 

fter a slow increase, which corresponds to stable GB plastic de- 

ormation without significant damage. The low dilatation-shear ra- 

io for such chemical disordered GBs suggests a shear-dominated 

tomic deformation, as evidenced by the drastic atomic rearrange- 

ent at the crack tips during static fracture simulations. This also 

orresponds to the low stress triaxiality and high fracture resis- 
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Fig. 12. Dependence of dilatation-shear ratio on their atomic environments of chemical disordered GBs. (a) Dilatation-shear ratio distribution for different elements, (b–d) 

variation of dilatation-shear ratio with the number of Co, Cr and Ni in the first-nearest-neighbor shell within a radius of 3 Å. The statistical data are collected from the 

atomic properties at strain ε< 7% in all chemical disordered GBs including R-K, R-FK and R-PM GBs. The black lines indicate the change in average dilatation-shear ratio as a 

function of the N 1NN atomic number. 
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To explore how the inhomogeneous chemical distributions af- 

ect GB fracture resistance, we systematically analyze the depen- 

ence of atomic dilatation-shear ratio on their local chemical en- 

ironment. The results are shown in Fig. 12 , where the statisti- 

al data are collected from the atomic chemical and kinematical 

roperties at strain ε< 7% in all the chemical disordered GBs. As 

hown in Fig. 12 (a), there is no significant difference in the atomic 

ilatation-shear ratio between the principal elements of Co, Cr and 

i, suggesting that the atomic deformation kinematics are insen- 

itive to the element type. It is expected that the dilatation-shear 

atio should depend on the local chemical environment governing 

he energy landscapes for atomic deformation. 

Fig. 12 (b–d) shows the dependence of dilatation-shear ratio of 

B atoms on their neighbors. As seen, the dilatation-shear ratio in- 

reases with the number of nearest Co and Ni neighbors, while it 

ecreases continuously with the number of nearest Cr atoms. This 

uggests that voids or cracks are more prone to nucleation and 

rowth in Ni- or Co-rich regions, while Cr-rich sites contribute to 

he inhibition of crack formation and propagation. A similar result 

hat voids prefer to nucleate in Ni rich environment was found in a 

rCoNi HEA after shock simulations [85] . Our previous first princi- 

le study has shown that the structural relaxation induced atomic 

hear strain increases with the number of surrounding Cr atoms, 

or which Cr-containing chemical bonds exhibit drastic structure 

istortion [45] . This suggests that the atoms in Cr-rich environ- 

ents tend to shear deform to reconcile the severe interatomic 

ond distortions, leading to a lower dilatation-shear ratio that pre- 
238 
ents the formation of voids and cracks. In this light, the excel- 

ent fracture resistance of chemical disordered GBs may be con- 

ected to the bonding distortions, which would be highlighted by 

he presence of Cr. 

The dependence of dilatation-shear ratio on their local chemi- 

al environment, summarized in Fig. 12 , provides quantitative ev- 

dence for the chemical dependence of GB atomic kinematics and 

ence the GB fracture behavior. To explore the underlying mecha- 

ism responsible for this chemistry dependence, the electronic be- 

avior of GB atoms is analyzed in terms of their electronic distri- 

ution and charge transfer during deformation. The charge trans- 

er analysis reveals a significant positive correlation (with a cor- 

elation coefficient of 0.55) between transferred charge ( �Q ) and 

hear strain, as shown in Fig. 13 (a). This indicates that the atomic 

eformation is related to the local electron redistribution. Specif- 

cally, it highlights the role of charge transfer on shear deforma- 

ion that avails to reduce dilatation-shear ratio. Similar observa- 

ion was also found in metallic glass, in which increased charge 

ransfer contributes to the softening of shear modulus [86] . More- 

ver, detailed analysis of the electronic structures in several BCC 

ransition metals and alloys shows that the potential for shear de- 

ormation can be enhanced through Jahn-Teller distortion [87] . As 

emonstrated by Qi and Chrzan [87] , if there are partially occupied 

nd symmetry-related degenerate orbitals near the Fermi level, the 

onding will deform to break this symmetry and thereby split the 

egenerate orbitals to lower the total energy of the alloy. The same 

oncept has been used to explain the BCC-BCT-FCC transition for 
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Fig. 13. (a) Correlation between atomic shear strain and change in atomic charge. (b) Correlation between atomic dilatation-shear ratio and change in atomic charge. (c) 

Effects of the 1 nn atomic numbers of various elements on the charge transfer in CoCrNi GB. (d) Evolution of charge transfer as strain in CrCoNi GB and pure Ni GB. 
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ransition metals, where phase transition has been found to de- 

end on the number of electrons whose variation can shift the 

ermi energy level [88] . 

In this study, charge transfer increases the driving force for the 

ahn-Teller distortion by shifting the local Fermi level, which in- 

reases the population of symmetry-equivalent orbitals close to 

ermi level. The breaking of symmetry during the Jahn-Teller dis- 

ortion induces preferential shear deformation instead of volume 

ilatation, resulting in a lower dilatation-shear ratio, as demon- 

trated in Fig. 13 (b). Fig. 13 (c) shows the atomic charge transfer 

s a function of local chemical environment. As shown, the trans- 

erred charge ( �Q ) increases with the neighboring Cr atoms and 

ecreases with Ni and Co, which is opposite to that of dilatation- 

hear ratio shown in Fig. 12 . The electronic shells of Ni and Co are

early saturated and difficult to gain or lose electrons, while the 

-band of Cr is only partially filled and tends to transfer charge 

o form covalent bonds. The lower dilatation-shear ratio in the Cr- 

ich environment suggests that the atoms within a flexible elec- 

ron environment tend to shear deformation and favor reducing 

he dilatation-shear ratio. 

The results illustrated in Fig. 13 (a–c) suggest that the substan- 

ial charge transfer in Cr-rich environment contributes to the inhi- 

ition of void formation by enhancing shear deformation through 

he Jahn-Teller distortion. The significant difference in the fracture 

ode between pseudo-element GBs and chemical disordered GBs 

ay originate from the difference in their electron redistribution 

apabilities. Evidence for this is that the transferred charge in pure 

i and random NiCo is significantly less than that in random Cr- 

oNi GB under the same axial strain, as shown in Fig. 13 (d). For
239 
ure Ni GB, the atoms possess a homogeneous electronic struc- 

ure with a nearly full d-band, suggesting limited electron re- 

istribution capability. A similar situation would also appear in 

he pseudo-element GBs which possess a homogeneous chemistry, 

ven though the d-band would be underfilled by considering the 

ypothetical averaging of atomic natures of Ni, Co and Cr. In con- 

rast, the inhomogeneous atomic distribution in chemical disor- 

ered GBs leads to a fluctuant electron distribution that is prone 

o transfer atomic charge during deformation. Particularly, the ran- 

omly distributed Cr atoms with partially filled d-shell and thus 

arger electronic flexibility can serve as a medium to enhance the 

harge transfer [89] , as manifested by the stronger electron redis- 

ribution ability of CrCoNi GB than random NiCo GB. The stronger 

harge redistribution ability of chemical disordered CrCoNi GBs 

nhances shear deformation through Jahn-Teller distortion, which 

owers the dilatation-shear ratio and thus prevents void formation 

nd GB fracture. 

Beyond the present analysis, the prospect of chemical disor- 

er preventing GB crack formation and propagation raises an- 

ther interesting question as to whether chemical order or com- 

osition dominates this. Recall that the atoms within Cr-rich 

nvironments exhibit shear-dominated deformations with a low 

ilatation-shear ratio due to the electronic flexibility of Cr, sug- 

esting a constructive role of Cr in preventing void formation. 

n this regard, sufficient Cr content within GB is required to en- 

ure an adequate charge redistribution capacity that facilitates 

hear deformation and hence prevents cracking. To prove this, ad- 

itional MD tension tests were performed on several bi-crystals 

ith different compositions involving pure Ni, chemical disor- 
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Fig. 14. Tension bi-crystal atomic structure before fracture showing different frac- 

ture modes in Ni and Ni-based HEAs. (a) Ni, (b) NiCo, (c) Ni 43 Co 42 Cr 15 , (d) CrCoNi 

with random chemical distribution. (e) CrCoNi with pronounced local chemical or- 

der. 
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ered NiCo and Ni 43 Co 42 Cr 15 , the results are shown in Fig. 14 .

s shown, the GBs with few Cr or non-Cr tend to fracture 

hrough cracking. It also shows that the amount of dislocation 

n the crack surface increases with Cr content with the order 

f Ni < NiCo < Ni 43 Co 42 Cr 15 < Ni 34 Co 33 Cr 33 , suggesting an increasing

lastic deformation with Cr content and degree of disorder. 

With respect to the local chemical order, for which the pres- 

nce, nature, and effects are all topics of current interest and de- 

ate, a moderate charge redistribution ability and thus a moder- 

te resistance to void/crack and fracture is expected. As shown in 

ig. 14 (e), the CrCoNi bi-crystal with pronounced local chemical or- 

er (called clustered GB, see details in our previous study [45] ) also 

xhibits a typical crack induced GB fracture behavior under tension 

oading. Clustered Ni and preferred Co-Cr bonding in this clustered 

B limits the electron redistribution and thus reduces the atomic 

eformation compatibility during deformation, leading to cracking 

nd fracture. This provides a possible atomic-scale explanation for 

he experimentally observed grain boundary cracking in the ho- 

ologous CrMnFeCoNi HEAs with the nano-clustering of Ni and Cr 

eparately [41] . Comparing chemical disordered GBs and clustered 

Bs with the same composition suggests that the disordered GB 

hemistry is one of the necessary conditions to ensure GB fracture 

esistance. 

Based on the above analysis, it can be concluded that not only 

isordered chemical distribution but also sufficient “harmonic ele- 

ents” possessing large electronic flexibility contribute to improv- 

ng the GB fracture resistance. Even if the analysis focuses only on 

rCoNi MEAs, we envision that both H/MEAs and traditional alloys 

an achieve strong GB fracture resistance by enhancing the elec- 

ron redistribution ability through elaborate alloying addition and 

anufacturing method. In this study, the excellent GB deformabil- 

ty and fracture resistance of chemical disordered CrCoNi GBs may 

esult from their strong charge redistribution ability which primar- 

ly originates from the partially filled d-shells of Cr. This could also 

e another factor, besides the outstanding strain hardening ability, 

esponsible for the exceptional damage tolerance of CrCoNi MEA 

nd CrCoNiFeMn HEA [ 53 , 54 , 79 ]. Similar elements with partially

lled d-shells, such as Fe, Mn, Mo and Zr should also play a posi-

ive role in impeding GB fracture. For example, the significant im- 

rovement of ductility in nanocrystalline Cu by introducing Cu-Zr 
240 
morphous intergranular films via Zr segregation [2] may benefit 

rom the partially filled d states of Zr. This agreement is reassuring 

nd provides a chemical understanding of the GB fracture behavior, 

ielding a new strategy for the design of high-performance mate- 

ials with enhanced GB fracture resistance. 

. Conclusions 

The chemical inhomogeneity effects are evaluated for 

17(140)[001], �29(730)[001] and �5(210)[001] symmetric 

ilt GBs. We have further studied the atomic and electronic level 

athway and mechanism for GB deformation and fracture in the 

odel CrCoNi alloys, by taking �5 (210) STGB as a representative. 

he following conclusions can be drawn from this work: 

1) Inhomogeneity chemical distribution inhibits GB fracture effec- 

tively for the considered high angle GBs. The GBs with disor- 

dered chemical distribution show excellent fracture resistance, 

regardless of their atomic topology configuration and misorien- 

tation. Whereas the corresponding pseudo-element GBs, which 

bear the same bulk properties of equiatomic CrCoNi MEA but 

no chemical fluctuation, are prone to fracture via crack initia- 

tion and propagation along GB. 

2) GB atomic deformation kinematics, which plays a pivotal role in 

the fracture resistance, depends largely on GB chemical distri- 

bution. The dilatation-shear ratio that characterizes the relative 

degree of atomic shear deformation and dilatation in chemical 

disordered GBs is much lower than that of pseudo-element GBs. 

3) Not only disordered chemical distribution but also sufficient 

“harmonic elements” with large electronic flexibility contribute 

to improving the GB fracture resistance. First principle elec- 

tronic behavior analysis reveals that the stronger charge redis- 

tribution ability of chemical disordered CrCoNi GBs enhances 

shear deformation through Jahn-Teller distortion and thus pre- 

vents crack formation and GB fracture. Their strong charge 

redistribution ability is the result of adequate Cr atom with 

partially filled d-shells in cooperation with the disordered GB 

chemistry. 

cknowledgments 

This work is financially supported by the National Natural 

cience Foundation of China (NSFC) (Nos. 12102433 , U2241285 , 

1972346 and U2141204 ), the NSFC Basic Science Center Program 

or ’’Multi-scale Problems in Nonlinear Mechanics’’ (No. 11988102), 

he Key Research Program of the Chinese Academy of Sciences (No. 

DRW-CN-2021-2-3). 

eferences 

[1] Y.M. Wang, K. Wang, D. Pan, K. Lu, K.J. Hemker, E. Ma, Scr. Mater. 48 (2003)

1581–1586 . 
[2] A. Khalajhedayati, Z. Pan, T.J. Rupert, Nat. Commun. 7 (2016) 10802 . 

[3] D. Farkas, H. Van Swygenhoven, P.M. Derlet, Phys. Rev. B 66 (2002) 
601011–601014 . 

[4] Z. Gao, Y. Zhao, J.M. Park, A.H. Jeon, K. Murakami, S.-.I. Komazaki, K. Tsuchiya, 
U. Ramamurty, J.-.I. Jang, Scr. Mater. 210 (2022) 114472 . 

[5] Z. Pan, T.J. Rupert, Comput. Mater. Sci. 93 (2014) 206–209 . 

[6] S. Chandra, N. Naveen Kumar, M.K. Samal, V.M. Chavan, S. Raghunathan, Com- 
put. Mater. Sci. 130 (2017) 268–281 . 

[7] D.V. Bachurin, Int. J. Fract. 214 (2018) 69–78 . 
[8] J.S. Weaver, N. Li, N.A. Mara, D.R. Jones, H. Cho, C.A. Bronkhorst, S.J. Fensin, 

G.T. Gray, Acta Mater. 156 (2018) 356–368 . 
[9] G. Dehm, B.N. Jaya, R. Raghavan, C. Kirchlechner, Acta Mater. 142 (2018) 

248–282 . 
[10] S. Sun, Y. Yang, C. Han, G. Sun, Y. Chen, H. Zong, J. Hu, S. Han, X. Liao, X. Ding,

J. Lian, J. Mater. Sci. Technol. 127 (2022) 98–107 . 

[11] Z. Jiao, G.S. Was, J. Nucl. Mater. 408 (2011) 246–256 . 
[12] W. Xu, Y.C. Xin, B. Zhang, X.Y. Li, Y.C. Xin, B. Zhang, X.Y. Li, Acta Mater. 225

(2021) 117607 . 
[13] X. Dong, N. Li, Y. Zhou, H. Peng, Y. Qu, Q. Sun, H. Shi, R. Li, S. Xu, J. Yan, J.

Mater. Sci. Technol. 93 (2021) 244–253 . 

https://doi.org/10.13039/501100001809
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0001
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0002
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0003
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0004
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0005
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0006
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0007
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0008
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0009
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0010
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0011
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0012
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0013


F. Cao, Y. Chen, H.-Y. Wang et al. Journal of Materials Science & Technology 153 (2023) 228–241 

[  

[  

[

[  

[

[  

[

[  

[

[

[

[

[
[  

[

[
[

[  

[

[  

[  

[  

[
[  

[

[  

[

[  

[

[

[  

[  

[  

[

[
[

[

[

[

[  

[

[

[
[

[
[

[

[  

[  

[

[
[  

[  

[

[

[
[

[  

[

[

[
[

[14] M.D. Sangid, H.J. Maier, H. Sehitoglu, Int. J. Plast. 27 (2011) 801–821 . 
[15] W. Li, S. Chen, P.K. Liaw, Scr. Mater. 187 (2020) 68–75 . 

[16] J.R. Rice, J. Wang, Mater. Sci. Eng. A 107 (1989) 23–40 . 
[17] T. Hu, S. Yang, N. Zhou, Y. Zhang, J. Luo, Nat. Commun. 9 (2018) 2764 . 

[18] A. Tehranchi, W.A. Curtin, J. Mech. Phys. Solids 101 (2017) 150–165 . 
[19] J. Luo, H. Cheng, K.M. Asl, C.J. Kiely, M.P. Harmer, Science 333 (2011) 

1730–1734 . 
20] H. Zhao, P. Chakraborty, D. Ponge, T. Hickel, B. Sun, C.H. Wu, B. Gault, D. Raabe,

Nature 602 (2022) 437–441 . 

[21] W. Li, P.K. Liaw, Y. Gao, Intermetallics 99 (2018) 69–83 . 
22] Z. Xue, X. Zhang, J. Qin, M. Ma, R. Liu, J. Mater. Sci. Technol. 36 (2020) 140–148 .

23] P.G. Christodoulou, S. Dancette, R.A. Lebensohn, E. Maire, I.J. Beyerlein, Int. J. 
Plast. 147 (2021) 103104 . 

24] S. Zhang, L. Wang, G. Zhu, M. Diehl, A. Maldar, X. Shang, X. Zeng, Int. J. Plast.
150 (2022) 103186 . 

25] D. Farkas, R. Nogueira, M. Ruda, B. Hyde, Metall. Mater. Trans. A 36 (2005) 

2067–2072 . 
26] Y. Ding, H. Yu, K. Zhao, M. Lin, S. Xiao, M. Ortiz, J. He, Z. Zhang, Scr. Mater. 204

(2021) 114122 . 
27] K. Leitner, D. Scheiber, S. Jakob, S. Primig, H. Clemens, E. Povoden-Karadeniz, 

L. Romaner, Mater. Des. 142 (2018) 36–43 . 
28] F.Z. Dai, B. Wen, Y. Sun, Y. Ren, H. Xiang, Y. Zhou, J. Mater. Sci. Technol. 123

(2022) 26–33 . 

29] A.R. Krause, P.R. Cantwell, C.J. Marvel, C. Compson, J.M. Rickman, M.P. Harmer, 
J. Am. Ceram. Soc. 102 (2018) 778–800 . 

30] P.R. Cantwell, T. Frolov, T.J. Rupert, A.R. Krause, C.J. Marvel, G.S. Rohrer, 
J.M. Rickman, M.P. Harmer, Ann. Rev. Mater. Res. 50 (2020) 465–492 . 

[31] S. Liang, M. Huang, L. Zhao, Y. Zhu, Z. Li, Int. J. Plast. 143 (2021) 103023 . 
32] Y. Cheng, Z.H. Jin, Y.W. Zhang, H. Gao, Acta Mater. 58 (2010) 2293–2299 . 

33] T. Shimokawa, M. Tsuboi, Acta Mater. 87 (2015) 233–247 . 

34] J.J. Möller, E. Bitzek, Acta Mater. 73 (2014) 1–11 . 
35] Y. Wang, J. Li, A.V. Hamza, T.W. Barbee, Proc. Natl. Acad. Sci. U. S. A. 104 (2007)

11155–11160 . 
36] C. Brandl, T.C. Germann, A. Misra, Acta Mater. 61 (2013) 3600–3611 . 

37] Z. Pan, T.J. Rupert, Acta Mater. 89 (2015) 205–214 . 
38] B. Wei, W. Wu, D. Xie, M. Nastasi, J. Wang, Acta Mater. 212 (2021) 116918 . 

39] P. Li, L. Wang, S. Yan, M. Meng, Y. Zhou, K. Xue, Int. J. Refract. Met. Hard Mater.

94 (2021) 105376 . 
40] N. Zhou, T. Hu, J. Luo, Curr. Opin. Solid State Mater. Sci. 20 (2016) 268–277 . 

[41] K. Ming, L. Li, Z. Li, X. Bi, J. Wang, Sci. Adv. 5 (2019) 0639 . 
42] L. Li, Z. Li, A. Kwiatkowski da Silva, Z. Peng, H. Zhao, B. Gault, D. Raabe, Acta

Mater. 178 (2019) 1–9 . 
43] T. Yang, Y.L. Zhao, W.P. Li, C.Y. Yu, J.H. Luan, D.Y. Lin, L. Fan, Z.B. Jiao, W.H. Liu,

X.J. Liu, J.J. Kai, J.C. Huang, C.T. Liu, Science 432 (2020) 427–432 . 

44] Q. Ding, Y. Zhang, X. Chen, X. Fu, D. Chen, S. Chen, L. Gu, F. Wei, H. Bei, Y. Gao,
M. Wen, J. Li, Z. Zhang, T. Zhu, R.O. Ritchie, Q. Yu, Nature 574 (2019) 223–227 . 

45] F. Cao, Y. Chen, S. Zhao, E. Ma, L. Dai, Acta Mater. 209 (2021) 116786 . 
46] S. Chen, Z.H. Aitken, S. Pattamatta, Z. Wu, Z.G. Yu, R. Banerjee, D.J. Srolovitz,

P.K. Liaw, Y.W. Zhang, Acta Mater. 206 (2021) 116638 . 
[47] V. Yamakov, E. Saether, D.R. Phillips, E.H. Glaessgen, J. Mater. Sci. 42 (2007) 

1466–1476 . 
48] V. Yamakov, E. Saether, D.R. Phillips, E.H. Glaessgen, J. Mech. Phys. Solids 54 

(2006) 1899–1928 . 

49] P. Gao, Z. Ma, J. Gu, S. Ni, T. Suo, Y. Li, M. Song, Y.W. Mai, X. Liao, Sci. Chin.
Mater. 65 (2022) 811–819 . 

50] Q. Huang, Q. Zhao, H. Zhou, W. Yang, Int. J. Plast. 159 (2022) 103466 . 
[51] P. Garg, T.J. Rupert, Acta Mater. 244 (2022) 118599 . 

52] S. Chen, H.S. Oh, B. Gludovatz, S.J. Kim, E.S. Park, Z. Zhang, R.O. Ritchie, Q. Yu,
Nat. Commun. 11 (2020) 826 . 
241 
53] B. Gludovatz, A. Hohenwarter, K.V. Thurston, H. Bei, Z. Wu, E.P. George, 
R.O. Ritchie, Nat. Commun. 7 (2016) 10602 . 

54] B. Gludovatz, A. Hohenwarter, D. Catoor, E.H. Chang, E.P. George, R.O. Ritchie, 
Science 345 (2014) 1153–1158 . 

55] M. Naeem, H. Zhou, H. He, S. Harjo, T. Kawasaki, S. Lan, Z. Wu, Y. Zhu,
X.L. Wang, Appl. Phys. Lett. 119 (2021) 131901 . 

56] W.R. Jian, Z. Xie, S. Xu, Y. Su, X. Yao, I.J. Beyerlein, Acta Mater. 199 (2020)
352–369 . 

57] P. Wang, S. Xu, J. Liu, X. Li, Y. Wei, H. Wang, H. Gao, W. Yang, J. Mech. Phys.

Solids 98 (2017) 290–308 . 
58] S. Plimpton, J. Comput. Phys. 117 (1995) 1–19 . 

59] Q.-.J. Li, H. Sheng, E. Ma, Nat. Commun. 10 (2019) 3563 . 
60] P.M. Larsen, S. Schmidt, J. Schiøtz, Modelling Simul. Mater. Sci. Eng. 24 (2016) 

55007 . 
61] A. Stukowski, Modelling Simul. Mater. Sci. Eng. 18 (2010) 015012 . 

62] L.B. Freund, Dynamic Fracture Mechanics, Cambridge Monographs On Mechan- 

ics and Applied Mathematics, Cambridge University Press, Cambridge, 1990 . 
63] G. Kresse, J. Furthmüller, Comput. Mater. Sci. 6 (1996) 15–50 . 

64] A. van de Walle, P. Tiwary, M. de Jong, D.L. Olmsted, M. Asta, A. Dick, D. Shin,
Y. Wang, L.Q. Chen, Z.K. Liu, Calphad 42 (2013) 13–18 . 

65] D. Roundy, C.R. Krenn, M.L. Cohen, J.W. Morris Jr, Phys. Rev. Lett. 82 (1999) 
2713 . 

66] J.P. Perdew, K. Burke, M. Ernzerhof, Phys. Rev. Lett. 77 (1996) 3865 . 

67] P.E. Blöchl, Phys. Rev. B 50 (1994) 17953–17979 . 
68] D. Utt, A. Stukowski, K. Albe, Acta Mater. 186 (2020) 11–19 . 

69] D. Farkas, J. Mater. Sci. 55 (2020) 9173–9183 . 
70] B. Kuhr, D. Farkas, I.M. Robertson, D. Johnson, G. Was, Metall. Mater. Trans. A51 

(2020) 667–683 . 
[71] D.C. Johnson, B. Kuhr, D. Farkas, G.S. Was, Acta Mater. 170 (2019) 166–

175 . 

72] X.W. Gu, M. Jafary-Zadeh, D.Z. Chen, Z. Wu, Y.W. Zhang, D.J. Srolovitz, 
J.R. Greer, Nano Lett. 14 (2014) 5858–5864 . 

73] P. Murali, T.F. Guo, Y.W. Zhang, R. Narasimhan, Y. Li, H.J. Gao, Phys. Rev. Lett.
107 (2011) 215501 . 

[74] E. Martínez-Pañeda, S. Del Busto, C.F. Niordson, C. Betegón, Int. J. Hydrogen 
Energy 41 (2016) 10265–10274 . 

75] Y. Lou, P. Wu, C. Zhang, J. Wang, X. Li, R. Chai, J.W. Yoon, Int. J. Solids Struct.

256 (2022) 111993 . 
[76] P. Andric, W.A. Curtin, Modelling Simul. Mater. Sci. Eng. 27 (2019) 013001 . 

77] A . Tehranchi, W.A . Curtin, Modelling Simul. Mater. Sci. Eng. 25 (2017) 
075013 . 

78] J.R. Rice, J. Mech. Phys. Solids 40 (1992) 239–271 . 
79] J. Li, H. Chen, Q. He, Q. Fang, B. Liu, C. Jiang, Y. Liu, Y. Yang, P.K. Liaw, Phys.

Rev. Mater. 4 (2020) 103612 . 

80] H. Wang, D. Chen, X. An, Y. Zhang, S. Sun, Y. Tian, Z. Zhang, A. Wang, J. Liu,
M. Song, S.P. Ringer, T. Zhu, X. Liao, Sci. Adv. 7 (2021) eabe3105 . 

81] E. Martínez-Pañeda, V.S. Deshpande, C.F. Niordson, N.A. Fleck, J. Mech. Phys. 
Solids 126 (2019) 136–150 . 

82] J.A. Zimmerman, C.L. Kelchner, P.A. Klein, J.C. Hamilton, S.M. Foiles, Phys. Rev. 
Lett. 87 (2001) 165507 . 

83] Z.-.Y. Yang, Y.-.J. Wang, L.-.H. Dai, Phys. Rev. Res. 4 (2022) 23220 . 
84] Y.J. Wang, M.Q. Jiang, Z.L. Tian, L.H. Dai, Scr. Mater. 112 (2016) 37–41 . 

85] Z. Xie, W.R. Jian, S. Xu, I.J. Beyerlein, X. Zhang, Z. Wang, X. Yao, Acta Mater. 221

(2021) 117380 . 
86] I. Lobzenko, Y. Shiihara, T. Iwashita, T. Egami, Phys. Rev. Lett. 124 (2020) 

085503 . 
87] L. Qi, D.C. Chrzan, Phys. Rev. Lett. 112 (2014) 1–5 . 

88] S. Lee, R. Hoffmann, J. Am. Chem. Soc. 124 (2002) 4 811–4 823 . 
89] S. Zhao, T. Egami, G.M. Stocks, Y. Zhang, Phys. Rev. Mater. 2 (2018) 013602 . 

http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0014
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0015
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0016
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0017
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0018
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0019
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0020
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0021
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0022
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0023
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0024
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0025
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0026
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0027
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0028
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0029
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0030
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0031
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0032
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0033
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0034
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0035
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0036
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0037
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0038
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0039
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0040
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0041
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0042
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0043
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0044
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0045
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0046
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0047
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0048
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0049
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0050
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0051
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0052
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0053
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0054
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0055
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0056
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0057
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0058
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0059
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0060
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0061
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0062
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0063
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0064
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0065
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0066
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0067
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0068
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0069
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0070
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0071
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0072
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0073
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0074
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0075
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0076
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0077
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0078
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0079
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0080
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0081
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0082
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0083
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0084
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0085
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0086
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0087
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0088
http://refhub.elsevier.com/S1005-0302(23)00174-3/sbref0089

	Chemical inhomogeneity inhibits grain boundary fracture: A comparative study in CrCoNi medium entropy alloy
	1 Introduction
	2 Methods
	2.1 Molecular dynamic GB tension simulation
	2.2 Molecular statics mode-I crack propagation simulation
	2.3 First-principles calculations

	3 Results and discussion
	3.1 Effect of chemical inhomogeneity on GB structure
	3.2 Overall damage evolution
	3.3 GB crack propagation
	3.4 Atomic mechanism for preventing GB fracture

	4 Conclusions
	Acknowledgments
	References


