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a b s t r a c t 

A new medium-Mn steel was designed to achieve unprecedented tensile properties, with a yield strength 

beyond 1.1 GPa and a uniform elongation over 50%. The tensile behavior shows a heterogeneous deforma- 

tion feature, which displays a yield drop followed by a large Lüders band strain and several Portevin-Le 

Châtelier bands. Multiple strain hardening mechanisms for excellent tensile properties were revealed. 

Firstly, non-uniform martensite transformation occurs only within a localized deformation band, and ini- 

tiation and propagation of every localized deformation band need only a small amount of martensite 

transformation, which can provide a persistent and complete transformation-induced-plasticity effect dur- 

ing a large strain range. Secondly, geometrically necessary dislocations induced from macroscopic strain 

gradient at the front of localized deformation band and microscopic strain gradient among various phases 

provide strong heter-deformation-induced hardening. Lastly, martensite formed by displacive shear trans- 

formation can inherently generate a high density of mobile screw dislocations, and interstitial C atoms 

segregated at phase boundaries and enriched in austenite play a vital role in the dislocation multipli- 

cation due to the dynamic strain aging effect, and these two effects provide a high density of mobile 

dislocations for strong strain hardening. 

© 2022 Published by Elsevier Ltd on behalf of The editorial office of Journal of Materials Science & 

Technology. 
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. Introduction 

Safety issues, fuel efficiency, and emission reduction are the 

mportant motivations for the development of advanced high- 

trength steel (AHSS) with both high strength and large ductility 

n the automotive industry for decades [1–7] . However, strength 

nd ductility are mutually exclusive in general, and the elevation 

f yield strength up to 1 GPa is usually accompanied by a substan- 

ial loss of tensile uniform elongation [8–10] . The first-generation 

HSS can achieve high strength, but the ductility is limited, such 

s dual-phase steels and complex phase steels [2] . Although the 

econd-generation AHSS has both high strength and high ductil- 

ty, the high amount of alloying content has raised production 

osts and created various drawbacks in the production processes, 

uch as high Mn transformation-induced-plasticity (TRIP) [11] and 

winning-induced-plasticity (TWIP) steels [12] . The medium-Mn 

teel (MMS) with Mn content in the range of 4 −12wt.% is regarded 
∗ Corresponding author at: State Key Laboratory of Nonlinear Mechanics, Institute 
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s the most promising candidate for the third-generation automo- 

ive steel due to its excellent mechanical properties and relatively 

ow cost [13–18] . 

The MMS with α-ferrite and γ -austenite phases and equi-axed 

ltrafine-grains by cold rolling and subsequent intercritical anneal- 

ng in a two-phase region, revealed the discontinuous yielding and 

he Lüders band (LB) in general [ 19 , 20 ], and the Lüders band was

ommonly thought to be caused by static strain aging [21] . The 

ortevin-Le Châtelier (PLC) band has also been frequently reported 

or the MMS [ 22 , 23 ], which was proposed to be caused by dynamic

train aging (DSA) associated with the interactions between mobile 

islocations and diffusing solute atoms [24–27] . The strain harden- 

ng and ductility of MMS can be primarily attributed to the TRIP 

ffect of the retained austenite, which also is determined by both 

he phase fraction and the stability of the retained austenite [14] . 

ccording to a thermodynamic model [28] , the higher intercriti- 

al annealing temperature, the more fraction of austenite with less 

nrichment of austenite stabilizers (such as Mn and C) can result 

n lower mechanical stability of austenite [29] . The pinning effects 

f interstitial C atoms on dislocations and interfaces help inhibit 

rain growth during intercritical annealing process [30] , and C seg- 
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egation at the α/ γ phase boundaries will increase yield strength 

nd transform the yielding phenomenon from a continuous behav- 

or to a discontinuous pattern [31] . More recently, Al was added in 

MS to optimize austenite stability by suppressing cementite for- 

ation [32] , and the α- γ two-phase range can also be enlarged 

y Al, such that the processing window, in terms of intercritical 

nnealing temperature, can be expanded [ 33 , 34 ]. Recent research 

35] has shown that an MMS (Fe-7.8Mn-1.65Al-0.11Zr-0.14C, wt.%) 

xhibits excellent strength-ductility synergy with a yield strength 

f 1022 MPa and a tensile uniform elongation of 41%. However, this 

MS has a certain amount of residual austenite content ( ∼9.6%) 

fter tensile failure, which indicates the TRIP effect has not been 

ompletely fulfilled. 

For AHSS with GPa-level yield strength, the uniform elonga- 

ion is far less than 50% in general. In the present study, we de- 

eloped a new MMS and utilized appropriate severe plastic de- 

ormation and intercritical annealing process to achieve superior 

trength-ductility synergy (1.1 GPa yield strength and 50% uniform 

longation), and the corresponding deformation mechanisms were 

evealed. For high-performance MMS, most research efforts have 

een focused on the influence of the volume fraction and stabil- 

ty of metastable austenite on the mechanical response. However, 

lastic deformation and ductility are closely related to mobile dis- 

ocation density [36] . Heterogeneous deformation also plays a crit- 

cal role in uniaxial tensile tests of the investigated MMS, and the 

ield drop phenomenon is caused by the strong deficiency of ini- 

ial mobile dislocation. Therefore, two key questions should be an- 

wered in order to explain the large uniform elongation: where 

oes the mobile dislocation come from and what are the contribut- 

ng factors for strain hardening?. 

. Materials and experimental methods 

.1. Materials 

The chemical composition of the investigated MMS is Fe-6.7Mn- 

.46Al-0.28C (wt.%). The materials were casted using a vacuum in- 

uction melting furnace under a pure argon atmosphere and were 

orged into a rectangular ingot. The ingot was homogenized at 

250 °C for 2 h followed by air cooling, and then hot-forged into 

 plate with a thickness of 30 mm with a starting temperature 

f 1180 °C and an ending temperature of 900 °C followed by oil 

ooling. The plate was annealed at an intercritical temperature of 

40 °C for 30 min followed by water quenching, and then was sub- 

ected to cold rolling with a thickness reduction of 65%. Finally, the 

old-rolled (CR) sheet was intercritically annealed at various tem- 

eratures (645, 650, 655, 660 °C) for 30 min followed by water 

uenching. 

.2. Tensile testing 

The plate tensile specimens with dog-bone shape and gage di- 

ensions of 18 mm × 2.5 mm × 1.2 mm, were cut from the 

nnealed sheets with longitudinal axis parallel to the rolling di- 

ection. All specimens were mechanically polished prior to ten- 

ile tests in order to remove surface irregularities and to guarantee 

n accurate determination of the cross-sectional area. The uniaxial 

uasi-static tensile tests were carried out using an MTS 973 testing 

achine operating at a strain rate of 5 × 10 −4 s −1 at room temper- 

ture. A 10 mm extensometer was used to accurately control and 

easure the displacement during tensile tests. The tensile testing 

as performed more than three times for each condition to verify 

he reproducibility. 

The image acquisition system and post-processing system of 

igital image correlation (DIC) were performed utilizing Aramis 3.0 

on-contact 3D strain measuring system developed by the GOM 
111 
ompany. Before performing DIC measurement, a random pattern 

as created by spraying black paints on white background. 

.3. Microstructure characterization 

Electron backscatter diffraction (EBSD), transmission electron 

icroscopy (TEM), and three-dimensional atom probe tomography 

3D-APT) were used to characterize the microstructures prior to 

nd after tensile deformation. EBSD observations were performed 

tilizing a ZEISS Gemini 300 SEM with an EBSD detector. The min- 

mum scanning step of 0.03 μm was used during the EBSD ac- 

uisition. The surfaces for EBSD observations were first grinded 

y sandpapers, and then polished by a 20 nm SiO 2 aqueous sus- 

ension. TEM and scanning TEM (STEM) observations were per- 

ormed utilizing a JEOL-2100F at 200 kV. The element distribu- 

ions were detected by energy dispersive spectroscopy (EDS) un- 

er STEM mode. The TEM samples were prepared and thinned 

y mechanically polishing first, followed by a twin-jet polish- 

ng using a solution of 5% perchloric acid and 95% ethanol at 

40 °C and 65 V. Tip-shaped specimens for the 3D-APT tests 

ere fabricated by a lift-out method and annularly milled by a 

ocused ion beam/scanning electron microscope (FIB/SEM). The 

D-APT experiments were conducted utilizing a CAMECA LEAP 

0 0 0 XR instrument equipped with an ultraviolet laser with a 

pot size of 2 μm and a wavelength of 355 nm. The detec- 

ion efficiency of this state-of-art microscope was about 52%. Data 

ere acquired in the laser pulsing mode at a specimen tem- 

erature of 50 K with a target evaporation rate of 5 ions/10 0 0

ulses, pulsing rate of 250 kHz, and laser pulse energy of 40 pJ. 

he APT data were reconstructed and analyzed using commercial 

VAS 3.8.10 software. 

. Results and discussion 

.1. Outstanding tensile properties 

Fig. 1 (a) shows the tensile engineering stress-strain curves of 

he investigated MMS subjected to intercritical annealing at four 

ifferent tem peratures. For convenience, tensile specimens were 

enoted as “IA645”, “IA650”, “IA655” and “IA660”, respectively, 

ased on intercritical annealing temperature. With decreasing in- 

ercritical annealing temperature, the yield stress ( σ YS ), the uni- 

orm elongation ( εUE ), the tensile elongation ( εTE ), and the Lüders 

and strain ( εLB ) simultaneously increase. Moreover, the obvious 

erration phenomenon with large amplitudes is observed in the 

A660 sample. Although the yield strength is substantially in- 

reased to GPa-level, the investigated MMS still has a remark- 

ble ductility. The IA645 sample shows high yield strength beyond 

.1 GPa with excellent tensile uniform elongation over 50%, and 

he product of strength and elongation ( σ UTS × εTE ) also has an 

xtremely high value ( ∼70 GPa%) that is far beyond the indica- 

or of third-generation AHSS (more than 30 GPa%). The synergy of 

trength and ductility for the developed MMS is much better than 

ost high-performance steels, such as high-specific-strength steel 

HSSS) [ 3 , 37 ], deformed and partitioned (D&P) steel [38] , TWIP

teel [39–42] , and MMS [ 35 , 43 , 44 ], as shown in Fig. 1 (b). 

.2. Initial microstructure with Mn heterogeneity and C segregation 

Fig. 2 (a) shows the EBSD phase map with grain boundaries for 

he IA650 sample, revealing a dual-phase of γ -austenite and α- 

errite with ultrafine grains. The volume fraction of austenite phase 

s about 43.8%, and the mean grain sizes of austenite and ferrite 

re about 331 and 378 nm, respectively. The volume fraction of 

ustenite is measured based on large-area EBSD phase maps with 

ore than 60 0 0 grains. The ultrafine grain sizes for both phases 
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Fig. 1. Tensile properties of the investigated MMS after intercritical annealing at various temperatures. (a) Tensile engineering stress-strain curves. The corresponding ultimate 

strength points are marked by squares. The inset shows the close-up view of the yield point region. (b) Yield strength vs. uniform elongation for the investigated MMS, along 

with data for other high-performance steels [ 3 , 35 , 37–44 ]. 

Fig. 2. Microstructures of the IA650 and IA660 samples prior to tensile testing. (a, b) EBSD phase map with grain boundaries and the GROD map for the IA650 sample. (c, 

d) EBSD phase map with grain boundaries and the GROD map for the IA660 sample. γ -austenite and α-ferrite are indicated by red region and cyan region, respectively and 

high-angle boundary ( ≥ 15 °), low-angle boundary (2 °−15 °), and twin boundary are denoted by black lines, fuchsia lines, and blue lines, respectively. 
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re one reason for the deficiency of initial mobile dislocations. 

win boundaries (TBs) are found in austenite grains and abundant 

ow-angle boundaries (2 °−15 °) are observed in ferrite grains. The 

ap of grain reference orientation deviation (GROD) for the IA650 

ample is displayed in Fig. 2 (b), indicating that most grains are re- 

rystallized, the fully recrystallized ( ≤ 5 °) fractions of austenite and 

errite phases are about 92% and 71%, respectively [45] . The val- 

es of GROD greater than 5 ° are mainly existing in ferrite grains 

ith low-angle boundaries. Microstructures of the IA660 sample 

re shown in Fig. 2 (c) and (d), the volume fraction of austenite 

hase is about 48.8%, and the mean grain sizes of austenite and 

errite are about 397 and 485 nm, respectively. So the volume frac- 

ion of austenite and the mean grain sizes of both phases for the 

A660 sample are larger than those for the IA650 sample. The fully 

ecrystallized fractions of austenite and ferrite phases for the IA660 

ample are about 91% and 66%, respectively. 
112 
The distributions of C, Mn, and Al atoms of the IA650 sam- 

le at the near-atomic scale were obtained by 3D-APT, as shown 

n Fig. 3 (a) and (b). 3D-APT reveals significant C and Mn parti- 

ioning from ferrite to austenite [ 5 , 46 ], which results in a signif-

cant amount of retained austenite. C and Mn elements are en- 

iched while the Al element is deprived in the austenite phase. 

he phase boundary is marked by a 6 at.% Mn iso-concentration 

urface and a peak distribution for the C atom. Such C segregation 

t phase boundaries can reduce the energy of phase boundaries, 

ncrease phase boundary cohesion, inhibit grain growth, and stabi- 

ize austenite, for elevating yield strength, and promoting discon- 

inuous yielding [ 30 , 31 ]. 

Fig. 3 (c) shows the STEM image of the IA650 sample prior to 

ensile testing, and the corresponding Mn distribution mapping is 

isplayed in Fig. 3 (d). The area with high concentration belongs to 

ustenite phase since the Mn content in austenite is much higher 
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Fig. 3. Element distributions of the IA650 sample prior to tensile testing. (a, b) Near-atomic level chemical element distributions between γ and α, as revealed by 3D-APT. 

The phase boundary is marked by a 6 at.% Mn iso-concentration surface. (c, d) STEM image and the corresponding Mn distribution mapping. (e) Mn content distribution of 

various austenite grains. 
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han that in ferrite. The numbers inserted in Fig. 3 (d) stand for 

he Mn content for each austenite grain. Moreover, the Mn con- 

ent distributions of 50 austenite grains are counted and shown 

n Fig. 3 (e), which indicates that the Mn distribution is slightly un- 

ven in different austenite grains. For austenite phase, the Mn con- 

ent range is from 9.39% to 11.76% and the average Mn content is 

0.27%. The results of 3D-APT and STEM-EDS are consistent. 

.3. Heterogeneous deformation and non-uniform martensite 

ransformation 

The stress-strain curves ( Fig. 1 (a)) appear to be complete het- 

rogeneous deformation features, which show a yield drop phe- 

omenon followed by the onset of Lüders band and several PLC 

ands. It means that the investigated MMS has a strong deficiency 

f initial mobile dislocation. 

In-situ full-field strain measurements by DIC during tensile tests 

nd EBSD/TEM observations after each localized deformation band 

LDB) passing through the entire gage length were used to inves- 

igate strain hardening mechanisms of heterogeneous deformation. 

he full-field strain distributions of the IA650 sample under var- 

ous applied strains ( εapp ) and distributions of axial strain ( εL ) 

t varying applied strains along axial position were displayed in 

ig. 4 . The fronts of localized deformation bands are closely per- 

endicular to the tensile axis and the local strain is observed to 

nly increase within the localized deformation band. The deforma- 

ion mode of the IA660 sample is similar to the IA650 sample, and 

he full-field strain distributions of the IA660 sample are displayed 

n Fig. 5 . The observed PLC bands can be characterized as the type- 

 PLC bands since those PLC bands nucleate at one end of gage 

ength and exhibit a continuous propagation feature [47] . 

When the applied stress reaches the upper yield stress, the 

üders band starts to nucleate at a weak point in the gage length 

rea, resulting in a drop of the applied stress to the lower yield 
113 
tress. During the Lüders band propagation, the plastic deforma- 

ion is localized, and thus the macroscopic engineering stress is 

aintained almost constant until the band passes through the en- 

ire gage length. Schwab and Ruff [48] illustrated that the occur- 

ence of a triaxial stress state can be developed at the yielded re- 

ion within the band and the elastic region of the Lüders front. 

he Mises equivalent stress of the elastic region is higher than 

he applied stress, which will cause the elastic region to yield and 

ush the propagation of the Lüders band. At the same time, the 

ises equivalent stress of freshly yielded region resulting from 

lastic region will drop. The same principle should also be ap- 

ropriate for the deformation of subsequent PLC bands. However, 

he regions where the localized deformation band develops and 

ropagates need sufficient strain hardening capacity to counterbal- 

nce the force decrement due to the contraction of cross-sectional 

rea, otherwise plastic instability would result in failure. In the 

resent study, the grain sizes of investigated MMSs are extremely 

ne, which have insufficient strain hardening capacity in general 

 49 , 50 ]. 

Fig. 6 (a) shows the change in volume fraction of austenite ( V γ )

s a function of applied strain when several localized deforma- 

ion bands pass through the entire gage length. The volume frac- 

ion of austenite is gradually reduced when each band propa- 

ates through, so martensite transformation plays an important 

ole in localized bands and provides strain hardening for coun- 

erbalancing the force decrement due to the contraction of cross- 

ectional area. Moreover, the stepwise phase transformation in var- 

ous grains might be attributed to the uneven Mn distribution in 

ifferent austenite grains ( Fig. 3 ), the martensite transformation 

hould occur in the austenite grain with less Mn content. Fig. 6 (b) 

hows the distributions for volume fraction of austenite along the 

xial direction in the IA650 sample prior to tensile testing and 

t an interrupted tensile strain of 8%. It is fascinating that the 

ustenite essentially remains unchanged until the passage of the 
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Fig. 4. Full-field strain distributions of the IA650 sample measured by DIC. (a) Contour maps of axial strain at various applied strains. Number above each map: εapp . Color 

scale bar at the right ride for each map. (b) Distributions of εL along normalized axial position at varying applied strains, e.g. white vertical line in the first contour in (a). 

Fig. 5. Full-field strain distributions of the IA660 sample measured by DIC. (a) Contour maps of axial strain at various applied strains. (b) Distributions of εL along normalized 

axial position at varying applied strains. 

Fig. 6. (a) True stress-strain curves and volume fractions of austenite phase as a function of applied strain for both the IA650 and IA660 samples after several localized 

deformation bands pass through the entire gage length. (b) Distributions for volume fraction of austenite along the axial direction in the IA650 sample prior to tensile 

testing and at an interrupted tensile strain of 8%. The inset shows the schematic diagram of measuring positions. (c) Strain duration for each localized deformation band 

( εLDB ) and normalized change of volume fraction of austenite by each ε LDB ( V LDB / ε LDB ) for both the IA650 and IA660 samples. 

114 
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Fig. 7. (a) GND density evolutions of both the IA650 and IA660 samples after several localized deformation bands pass through the entire gage length. (b) Magnitudes of 

strain gradient at the front of localized deformation band as a function of applied strain for both the IA650 and IA660 samples. 
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and, indicating that the induced martensite transformation only 

ccurs within the localized bands (Lüders band and PLC bands) 

50] . The consumption rate of austenite phase for the IA660 sample 

s faster than the IA650 sample due to the more mechanically sta- 

le austenite grains for the IA650 sample [51] . The more stability 

or austenite grains in the IA650 sample can be attributed to the 

ner grains and more enrichment of austenite stabilizers [29] . The 

train ( εLDB ) for each localized deformation band and the normal- 

zed change of volume fraction of austenite by ε LDB ( V LDB / ε LDB ) are

hown in Fig. 6 (c). εLDB is higher while V LDB / εLDB is lower for the

A650 sample in all localized deformation bands, as compared to 

he IA660 sample. It indicates that the more stable austenite grains 

ill result in a larger strain of localized deformation band by de- 

aying the martensite transformation to a larger strain range, which 

eads to a significant improvement in the ductility. The residual 

olume fraction of austenite phase after the ultimate point for the 

A650 sample is only about 1.8%, which indicates TRIP effect has 

een completely fulfilled for obtaining large ductility. 

.4. Strain gradient and heter-deformation-induced hardening 

Although the engineering stress remains constant during the 

ropagation of the Lüders band, the true stress still increases and 

he increment of true stress at the end of the Lüders band strain 

an be given by: 

σ= 

F 

A 0 

ε LB (1) 

here F is the applied load, A 0 is the original cross-sectional area. 

he Lüders band strain of the IA650 sample ( ∼16.4%) is larger than 

hat of the IA660 sample ( ∼11.5%) and the engineering stress ( F / A 0 )

t the Lüders plateau of IA650 sample is also higher than that of 

he IA660 sample, in other words, the true stress increment of the 

A650 sample is larger than that of the IA660 sample when the 

ropagation of the Lüders band is over. On the one hand, the C 

ontent in the IA650 sample is slightly higher than that in the 

A660 sample [29] , resulting in slightly higher martensite strength 

or the IA650 sample. On the other hand, the amount of marten- 

ite transformation for the IA650 sample is smaller than that of the 

A660 sample during the propagation process of the Lüders band 

 Fig. 6 (a)). Besides the competition between these two factors, the 

ther hardening sources (such as dislocation hardening) might also 

ontribute to the strain hardening. The evolution of geometrically 

ecessary dislocation (GND) density calculated by EBSD after sev- 

ral localized deformation bands passing through the entire gage 
115 
ength is shown in Fig. 7 (a). The more stable austenite grains can 

ccommodate a stronger dislocation multiplication capacity before 

artensite transformation. The higher magnitude of macroscopic 

train gradients at the front of the Lüders band also needs more 

NDs to accommodate for the IA650 sample, as shown in Fig. 7 (b) 

52–55] . The relation between GND density and strain gradient can 

e given by: 

GND = 

1 

b 

∂ε 

∂x 
(2) 

here b is burgers vector. The strain gradient of the IA650 sam- 

le is larger than that of the IA660 sample, so the GND den- 

ity of the IA650 sample should be larger than that of the IA660 

ample for stronger hardening, which is consistent with results 

n Fig. 7 (a). Besides the macroscopic strain gradients at the front 

f the Lüders band, the deformation incompatibility among differ- 

nt phases (austenite, ferrite and martensite) can also induce mi- 

roscopic strain gradients at various phase boundaries [17] . These 

acroscopic and microscopic strain gradients would both account 

or strong heter-deformation-induced (HDI) hardening [ 45 , 56 , 57 ]. 

o the strain hardening difference between the IA650 and IA660 

amples should be attributed to the overall competition among the 

mount of martensite transformation, the martensite strength, and 

he dislocation hardening. 

.5. High density of mobile dislocations by martensite transformation 

nd DSA 

Fig. 8 displays the TEM image of the IA650 sample at an in- 

errupted strain of 27%. Abundant dislocations and stacking faults 

SFs) are observed in austenite, and martensite transformation pro- 

ess is also discovered as shown in Fig. 8 (a). Martensite transfor- 

ation occurs in multiple regions of an individual austenite grain, 

nd three indexed selected area diffraction (SAD) patterns (three 

ircles with different colors are marked) with different orientations 

or α′ -martensite phase are displayed in Fig. 8 (a) with the electron 

eam closely parallel to the [011] γ zone axis. The corresponding 

AD patterns of twins and stacking faults are also displayed in the 

nsets of Fig. 8 (a). Fig. 8 (b) shows the dark-field image using the 

 11 0 ) α’ reflection in the indexed SAD pattern with the red frame, 

n which abundant dislocations are observed in martensite phase. 

igh-density dislocations are also observed in ferrite, as shown in 

ig. 8 (c). 

Fig. 9 shows the TEM image of the IA650 sample after ulti- 

ate strength point, in which abundant dislocations and stacking 
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Fig. 8. TEM observations for the IA650 sample at an interrupted strain of 27%. (a) Martensite transformation process. (b) Dark-field image in (a). (c) Ferrite phase. 

Fig. 9. TEM observations for the IA650 sample after ultimate strength point. 
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aults are also found in austenite phase and high-density disloca- 

ions are also observed in ferrite phase. The SAD pattern show- 

ng dual-phase, twins, and stacking faults is shown in the inset of 

ig. 9 (a). Therefore, massive dislocation multiplication occurs dur- 

ng deformation besides martensite transformation. 

A general relationship between plastic strain and mobile dislo- 

ation density ( ρm 

) can be written as [36] 

 = ρm 

bL /M (3) 

here L is the average glide distance of the mobile dislocation, M 

s the Taylor factor. Previous studies [ 38 , 58 , 59 ] have indicated that
116 
artensite formed by displacive shear transformation can induce 

n inherently high proportion ( ∼18%) of mobile screw dislocations. 

Carbon-dislocation interaction, which is regarded as the origin 

f DSA, can hinder the cross-slip of dislocations [ 60 , 61 ], resulting

n a lower rate of dynamic recovery and therefore a higher rate 

f dislocation accumulation. Luo and Huang [ 62 , 63 ] illustrated that 

 atoms play a vital role in the accumulation of dislocations and 

herefore the strain-hardening rate of TWIP steels. High disloca- 

ion density induced by DSA is the dominant mechanism respon- 

ible for the high strain hardening rate of TWIP steels. Nam et al. 

23] indicated that DSA occurring in the MMS can be explained 
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y the dislocation arrest model with long-range pipe diffusion of 

 atoms. Thus, the type-A serrations were proposed to be caused 

y DSA occurring in austenite. In the present study, C segregation 

t phase boundaries and enrichment in austenite grains ( Fig. 2 (d)) 

ill result in strong DSA effect on promoting dislocation accumu- 

ation for high plastic deformation capacity. It is generally thought 

 segregation at phase boundaries can decrease the grain boundary 

nergy and stabilize dislocation sources [64] . 

Mobile dislocations might be additionally pinned by the small 

artensite embryos until a higher stress is reached to unpin the 

islocations [65] . The faster rate of martensite transformation will 

ead to more martensite embryos, which interact with mobile dis- 

ocations for higher serration amplitudes in the IA660 samples as 

ompared to those for the IA650 sample. 

In the deformation stage for PLC bands, the strain hardening 

ate of the IA660 sample is higher than that of the IA650 sample, 

s shown in Fig. 6 (a). Firstly, the faster rate of martensite trans- 

ormation provides stronger hardening for the IA660 sample. Sec- 

ndly, the more martensite embryos result in a stronger DSA effect 

nd HDI hardening for the IA660 sample. Lastly, the higher C con- 

ent in austenite provides higher martensite strength, resulting in 

tronger hardening for the IA650 sample. In general, the first two 

actors are the main contributions for the strain hardening. How- 

ver, the TRIP effect is consumed too fast due to the less stability 

or the austenite phase, and the average glide distance of the mo- 

ile dislocation is decreased quickly, resulting in reduced ductility 

or the IA660 sample. 

. Conclusions 

In summary, we designed a new MMS exhibiting superior ten- 

ile properties. This MMS shows a yield strength beyond 1.1 GPa, 

 tensile uniform elongation over 50%, and a product of strength 

nd elongation as high as about 70 GPa%, which is not accessi- 

le by the previously reported AHSS. The tensile behavior of this 

MS shows a heterogeneous deformation feature, which displays 

 yield drop followed by a large Lüders band strain and several 

LC bands. Multiple strain hardening mechanisms for the excellent 

ensile properties were revealed. 

1) Non-uniform martensite transformation is observed to only oc- 

cur within localized deformation band. Initiation and prop- 

agation of every localized deformation band need a smaller 

amount of martensite transformation if austenite grains are 

more stable, and delay the martensite transformation to a 

larger strain range, which can lead to a significant improvement 

in the ductility. Suitable austenite stability by critical annealing 

can provide a persistent and complete TRIP effect during a large 

tensile strain range. 

2) High density of GNDs can be induced at the front of local- 

ized deformation band with a large macroscopic strain gradient 

and at various phase boundaries with a large microscopic strain 

gradient, resulting in strong HDI hardening. The more stable 

austenite grains can accommodate a stronger dislocation mul- 

tiplication capacity before martensite transformation. 

3) Martensite transformation is generally formed by displacive 

shear transformation, which can generate an inherently high 

proportion of mobile screw dislocations. Moreover, interstitial 

C atoms were found to be segregated at phase boundaries and 

enriched in austenite, which can enhance the dislocation mul- 

tiplication due to DSA effect. These two contributions provide 

high density of mobile dislocations for strong strain hardening. 

4) In general, the faster rate of martensite transformation provides 

stronger hardening and DSA effects, and results in a higher 

strain hardening rate. However, the TRIP effect is consumed too 

fast due to the less stability for the austenite phase, and the 
117 
average glide distance of the mobile dislocation is decreased 

quickly, resulting in reduced ductility. Thus, more stable austen- 

ite grains and a lower rate of martensite transformation might 

be beneficial for large ductility, and C segregation at phase 

boundaries can decrease the grain boundary energy and sta- 

bilize dislocation sources that can promote dislocation multi- 

plication, and the present findings should provide insights for 

composition design and tailoring microstructures for achieving 

excellent mechanical properties in AHSS. 
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